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Fatigue crack threshold (Kth) and fatigue crack growth behaviour of a near 
fully-lamellar -TiAl alloy (Ti-4522XD alloy) have been investigated in air at five 
temperatures (room temperature, 400, 650, 700 and 750 oC) and at three R ratios (0.1, 
0.5 and 0.8) in this study. Studies were carried out on both corner-cracked specimens 
and smooth specimens.  
 
A combination of a K- increasing loading method and growing a crack from notch 
were applied throughout the tests to minimise crack wake effects on Kth values. As a 
consequence of consistent material microstructure, use of standardized testing 
procedure and a sufficient number of tests, for the first time trends in fatigue threshold 
and crack growth behaviour have been established in a ‘single’ microstructure in TiAl. 
Such trends include: lack of dependence of Kth values on test temperature; average 
Kth values decrease with increasing R ratio; a strong dependence of crack growth rate 
on Kmax values at RT; a reduced dependence of crack growth rate on Kmax values and 
increased plasticity at elevated temperatures; crack blunting causes a reduction of 
fatigue crack growth rate at R=0.8 and at elevated temperatures; and little effect of test 
temperature on ‘fracture toughness’ values.  
 
Above all, the origins of naturally initiated cracks under cyclic loading are often found 
to be centered on up to four colonies which have failed by interlamellar fracture. 
However, continuous crack growth requires further translamellar crack growth and 
such transitions can be characterised by the values of the threshold fatigue stress 
intensity factor (Kth) calculated experimentally. Fracture surfaces produced under 
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1.1 Background of the project 
Modern aircraft engines are required to be able to stand high temperature, corrosion, 
oxidation and all kinds of mechanical damage. In recent decades a lot of effort has been 
put into developing the durability, reliability and performance of aircraft engines. The 
increase of engine performance is closely related to the development of improved 
materials.  
 
Aircraft engines are composed of many components, such as a fan, compressor, 
combustor, turbines and shafts. Thus, the physical and mechanical property 
requirements of structural materials may vary according to where they are employed. 
For example, turbine blades and discs are the most critical components of an engine. 
The operating temperature for turbine blades can exceed 1200 °C which is higher than 
any other rotating components within a turbine engine. The high spin velocities 
(~30,000 rpm) at the airfoil result in large centrifugal loads on the blade airfoil [1]. 
Hence the materials must be able to withstand a number of failure modes including 
fatigue, creep rupture, ballistic damage and environmental impacts. Beside these 
damage modes, the materials used for blades also need to with stand very high 
temperature gradients during transient conditions and fretting wear with turbine discs. 
All the requirements are interpreted into material properties for material design 
including tensile and fatigue strengths, thermal expansion, elastic modulus, corrosion 
resistance, toughness, ductility and damage tolerance. The further interpretation of 
these parameters is to verify the composition and microstructure of materials to achieve 
the required properties.  
 
The three most important structural materials used in aircraft engines are nickel-based 
superalloys for gas turbines, titanium alloys for fan blades and disks as well as high 
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strength steels for shafts. Although the current materials can meet the demands for 
aircraft engines and realise good performance, new materials are required for more 
efficient aircraft engines in the future. The material technology is also required to 
provide economic and environmental benefit. Since most materials used in aircraft 
have reached a plateau, the efficiency and performance improvements greatly depend 
on the introductions of more potential materials with both good high temperature 
properties and lower density for weight saving at the same time.  
 
Intermetallics have been studied for many decades. Recently, they have received 
increasing attention as potential candidates for gas turbine applications because of their 
improved properties, such as high melting point, good oxidation resistance and low 
density, over more the conventional superalloys [2, 3]. An intermetallic compound is a 
type of ordered alloy phase consisting of two or more different kinds of metal atoms. 
Below a certain critical temperature (Tc), the compound is an ordered phase. Unlike 
metals, the atomic bonding between the different types of atoms is partly ionic and 
directional. Therefore the intermetallics often present mechanical properties between 
ceramics and metals. Among intermetallic compounds, several aluminides have been 
studied for possible applications in engines, such as FeAl, Fe3Al, Ni3Al, TiAl or their 
orthorhombic alloys, for example Ti2AlNb [2-4]. Beside the satisfaction of most basic 
requirements for craft engines, high aluminum content is the key aspect that makes 
them not only significantly lighter but also more resistant to oxidation than other 
intermetallics (the relative atomic weight of Al is only about 27). Titanium aluminides 
are even more popular than other aluminides in the aerospace and automotive market. 
Recently, TiAl-based alloys has been introduced for the application of turbocharger 
turbine wheels in automotive engines [5]. Moreover, very recently the successful 
implementation of gamma TiAl alloy has been announced in low pressure turbine 
blades of aircraft engines by General Electric Company [6]. However, the larger-scale 
aeronautical applications of TiAl or other intermetallics are still impeded by a number 
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of technical barriers in material manufacture and property development.  
 
1.2 Challenge of Titanium Aluminides 
Titanium aluminides are a class of intermetallics targeted for the use in 
high-temperature applications, such as aerospace engines, automotive engines, and 
nuclear plants. The three major phases have been identified for titanium aluminides: 
-TiAl, 2-Ti3Al and TiAl3, of which -TiAl and its alloys have attracted most attention 
[3]. The main reasons why they are so attractive in many industries are their 
high-temperature capability, good oxidation and creep resistance and especially their 
low density which is nearly half that of Ni-based superalloys. However, based on their 
properties the possible applications for TiAl-based alloys are not that extensive, only 
including some components of the high-pressure compressor and low-pressure turbines. 
How to break through the limitations to broaden their scope of application is the 
challenge of titanium aluminides [2]. 
 
Titanium aluminides have drawbacks in common with other intermetallics, which are a 
direct result of their structures. Brittleness is a common characteristic of intermetallic 
compounds and is also the origin of a series of restricts on their introduction [2, 3]. 
Even though the ductility could be increased at elevated temperature (the brittle-ductile 
transition temperature of TiAl is in a range around 650-800 °C), the improvement is 
still not widely applicable for aerospace engines. The brittleness causes lower fracture 
toughness and fatigue crack resistance at low or even medium temperature. Moreover, 
the brittleness also increases the difficulties for manufacturing since processes, such as 
forging and machining, introduction of deformation or flaws. And the cost for 
processing can be increased as a consequence of these difficulties. In addition, it is less 
possible to use strain hardening strengthening.   
 
In spite of these difficulties, titanium aluminides are still the most competitive 
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structural materials for aerospace or other high-temperature associated industries since 
they have numbers of advantages. Much effort has been devoted to the research and 
development on titanium aluminides over more than twenty years and significant 
advances have been achieved in understanding the deformation mechanisms as well as 
developing new TiAl-based alloys. The mechanical properties of dual-phase titanium 
aluminides (+2 ) exhibit a good combination of tensile strength, ductility and fracture 
toughness. Of these microstructures, the duplex and fully lamellar are the two 
categories that have received most attention since they can offer a range of mechanical 
properties adapted to industrial requirements. Because of the relatively fine grain size, 
duplex microstructures present better ductility and tensile strength at lower temperature 
but are less resistant to creep and fatigue. Fully lamellar microstructures usually have 
relatively larger colony size and thus lower ductility, but excellent creep and fatigue 
crack growth resistance [7]. A new class of TiAl alloys with high niobium content 
(5%-10%) is known as TNB alloys and TNM alloys. Due to the addition of Nb, these 
types of TiAl alloys exhibit significant improvement in strength as well as creep and 
oxidation resistance [8]. Other nonmetallic elements such as C and B are also added in 
TiAl alloys to increase their strength as a result of precipitation hardening [5]. More 
than the advances for alloys design, manufacturing techniques are gradually maturing 
as well. Some traditional techniques like investment casting, ingot metallurgy and 
powder metallurgy are widely used for producing TiAl components. New techniques, 
such as laser melting for producing complex-shaped components and directional rolling 
for sheet materials, have been well investigated with favourable results and a good 
prospect [8].  
 
1.3 Aims and objectives  
It needs to be noted that the understanding of deformation mechanisms and 
microstructure associated properties in TiAl-based alloys is nearly integrated, and the 
implementation of some TiAl-based alloys has also achieved success. However, some 
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problems still need to be solved in order to get more development on enhancing 
mechanical properties, processability and reducing costs. Among many of these 
questions, the fundamental understanding of fatigue behaviour of TiAl-based alloys is 
especially important for alloy design. Although many theories on fatigue failure 
mechanisms of  TiAl-based alloys have been proposed and studied in the past, there is 
no systematic explanation about the fatigue threshold and near threshold behaviour 
under different test conditions, such as temperatures, stress ratios and environments. To 
minimise the risk of using relatively new alloys in aerospace engines, it is necessary to 
understand how such behaviour of these materials changes with different test 
conditions.  
 
Ti-45Al-2Mn-2Nb-1B (at.%) (Ti4522XD) is a -TiAl which is under consideration as a 
potential substitutive material to be used in Trent-XWB low pressure turbines by 
Rolls-Royce plc. High tensile strength, good fatigue crack and creep resistance as well 
as low density are the main advantages that make it attractive for aero-engine [9].  
 
Aims: 
The main aims of this project to be achieved in the Ti4522XD alloy and other similar 
near-fully lamellar-TiAl alloys are: (1) establishing reliable testing method for 
measuring the fatigue threshold and crack growth behaviour; (2) understanding the 
effect of temperature, environment and cyclic loading condition on the fatigue 
threshold and crack growth; (3) acquiring the deign stress ranges of different 
condtions for practical applications.  
 
Objectives: 
To achieve these aims, objectives were designed and completed as follows:  
(1) Repeated fatigue threshold and crack growth tests were performed with three 
different stress ratios (0.1, 0.5 and 0.8) at three main test temperatures (RT, 400 °C and 
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650 °C);  
(2) Limited number of tests was also conducted at 700 °C and 750 °C to examine the 
high-temperature fatigue properties and the alloy’s working temperature capability;  
(3) Changes were designed on the crack size and specimen geometry (corner-cracked 
specimens and cylindrical smooth specimens) to study the effect of crack size and 
morphology, as well as naturally-initiated short cracks in Ti4522XD alloy;  
(4) Fractographic characterisations were carried out to study the failure mechanisms 























2. Fracture Mechanics 
2.1 Introduction  
Failures occur for many reasons, including defects in material, corrosion, fracture, 
environmental damage, inadequate design and extreme loading conditions. For the 
design of structural or machining component, a vital issue is to identify the most likely 
mode of failure and the application of a suitable failure criterion. During a fracture 
process, there are diverse factors, such as crack nucleation, growth and coalescence of 
cracks, which makes the study of the fracture in solids more complex. From the 
standpoint of engineering application, the theories are established macroscopically 
based on the notions of continuum solid mechanics and classical thermodynamics. 
Studies about defect geometry and applied stress on fracture behaviour are important 
for the development of fracture mechanics. The term “fracture mechanics” is a branch 
of solid mechanics which refers to a vital specialisation of the relationship between the 
crack length, the material’s inhere resistance to crack propagation, and the stress to 
cause the final rupture. It provides quantitative working tools to solve the fracture 
criterions for the applications in engineering components where failure may result in 
the loss of life. 
 
2.2 Linear elastic fracture mechanics 
2.2.1 Griffith theory of fracture and Irwin’s work 
When discussing the fracture mechanics, A. Griffith [10] must be mentioned as the 
pioneer of the advent of fracture mechanics. It was noticed that there was two orders of 
magnitude difference between theoretical strength and laboratory results in glass, and it 
was believed to be caused by microcracks in the glass that could propagate under a load 
level smaller than the theoretical strength. Rather than focusing on the crack-tip stresses 
like what Inglis solution works for calculating the stress concentration around elliptical 
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holes, Griffith adopted the energy balance approach to predict fracture strength in the 
solids with cracks, which has become one of the most widely accepted and used 
theories in materials science [11-14].  
 
The basic concept of Griffith’s theory was that, solids have surface energy, and in order 
to propagate a crack, the corresponding surface energy (or increase its surface area), 
must be equal to the total energy of the externally added and internally released energy 
[13]. The schematic diagram of the concept of fracture energy balance is shown in 
Figure 2.1. As shown in Figure 2.1, the total energy associated with the crack length is 
the sum of positive surface energy (S) absorbed to generate the new surfaces, plus the 
negative strain energy (U) released due to unloading near the crack flanks.  
 
The strain energy per unit volume (1
𝑉









= ∫ 𝜎𝑑𝜖                                          … 2.1 
If the material is elastic, according to Hooke’s Law (σ = Eϵ, ϵ is the strain of material 
and E is Young’s Modulus of the material), then the strain energy per unit volume is: 






                                           … 2.2   
As shown in Figure 2.2, for a solid with a crack length of a, a region adjacent to the 
crack flanks can be considered as unloaded, and therefore the strain energy is released 
in this region. In a completely unloaded region with a height of a (is a parameter can 
be selected, for the plane stress loading = ) and width of crack length (a), Griffith 




∙ 𝜋𝑎2                                                   … 2.3  
The surface energy (S) associated with a crack length of a is: 
S = 2𝛾a                                                                … 2.4 




As the crack length (a) length increase, the U strain energy becomes dominant on the 
total energy since it is a quadratic function of a. The crack can only grow if the stress is 
increased until it reaches a critical crack length (ac). Beyond this point the crack can 
grow until final fracture occurs. This critical value can be solved by making the 














∙ 𝜋𝑎2 = 0          … 2.5 




                                                           … 2.6 




                                                   … 2.7 
where 𝜈 is Poisson’ ratio, in the case of plane strain. 
 
The energy released dU for a crack extension of da can be interpreted as the “strain 
energy release rate per crack tip” (G) as: 
𝑑𝑈 = 𝐺𝑑𝑎                                                   … 2.8 







                                        … 2.9 




                                                       … 2.10 
Then the instability condition can be considered as 𝐺 ≥ 2𝛾, and when 𝐺 = 2𝛾, the 
value of G is the fracture toughness or the crack-resistant force of the material. 
 
However, Griffith’s work was only focused on brittle materials, such as glass. The 
released energy rate obtained by this theory was found to be much smaller than the 
experimental data since most materials are not completely brittle and there is always 
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some plasticity around the crack tip. This deficiency was modified by Irwin and 
Orowan [11, 13] later. They proposed that in actual fracture process in ductile materials, 
the released strain energy was depleted by plastic flow near the crack tip rather than by 
creating new surfaces. Therefore, they concluded that the plastic work p must be 
applied with the surface energy in Griffith’s model as +p . Orowan [13] also estimated 
that for typical metals, the value of p is about 3 orders of magnitude of . Irwin and 
Orowan use 𝒢𝑐  to denote the critical strain energy released during fracture (+p). 







                                    … 2.11 
in which, 𝛾𝑒 is the elastic surface energy of the material and 𝛾𝑝 is the energy of plastic 
work absorbed during the fracture. Hence, the high fracture strength of metals was 
explained by Irwin and Orowan’s work. 
 
2.2.2 Stress intensity approach 
When the crack in a solid is subjected to externals, there will be relative displacement 
of the two crack flanks. The relative displacement is not simply a two dimensional 
movement, but usually varies with the direction of loading axes. To describe this kind 
of movement between the crack flanks, a local Cartesian coordinate system (x,y,z) with 
a zero point at the crack front has been introduced, in which the x-axis and y-axis are 
perpendicular to the crack front and crack plane respectively, and the z-axis is along the 
crack front. Irwin [13] also identified three modes of crack movement, termed as mode 
I, II, and III as shown in Figure 2.3. 
 
Mode I (opening mode): The crack surfaces move directly and symmetrically apart 
along the y axis (perpendicular to the xz plane.) 
Mode II (sliding mode): The crack surfaces slide over one another in a direction 
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perpendicular to the leading edge of the crack along x axis (parallel to xz plane). 
Mode III (tearing mode): The crack surfaces tear over each other and parallel to the 
leading edge of the crack along z axis. 
 
The crack can move by either of the three basic modes, or the combinations of any two 
or three modes. Among the three modes, mode I loading is the most damaging mode to 
materials, thus most analyses are carried out to solve the stress-crack relationship under 
this loading mode. According to the semi-inverse method developed by 
Westergaard[15], Irwin [11] point out that, the opening-mode stresses in the vicinity of 
the crack tip of a crack with a length of 2a in terms of KI can be expressed as and 








































In this equation, the r and  are the polar coordinates of a point to the crack tip, 
respectively. At the crack tip, r=0, thus the stress tends to infinity. The KI is known as 
the stress intensity factor, which defines the magnitude of the elastic stresses around the 
crack tip, and the ‘I’ subscript represent for the mode I. This KI factor depends on 
applied stress, the size, shape of the crack and the geometric boundaries. Originally, this 
factor was expressed as: 
𝐾𝐼 = 𝜎√𝜋𝑎                                                        … 2.13 
However, it is not useful in practical situations where specimens have a finite width. 
The width of specimens must be considered for the practical case. Therefore, this factor 
was recomposed as a function of crack length-width ratio: 
𝐾𝐼 = 𝜎√𝜋𝑎𝑓 (
𝑎
𝑤
)                                               … 2.14 
in which, 𝑓(𝑎
𝑤
) is a functin depending on specimen and crack geometry and w is the 
specimen width. The stress intensity factors for some common geometries are given in 
12 
 
Table 2.1. This function provides a very accurate way to calculate the stresses around 
the crack tip and so to design against failures. There is a critical value of stress intensity, 
KIC, beyond which the crack growth is unstable and reaches the rupture very fast. By 
knowing the value of this factor and the applied stress, the critical crack length can be 
easily worked out for engineering design purpose. The failure stress can also be 




                                                  … 2.15 
where Y is equal to 𝑓 (𝑎
𝑤
) in the equation 2.14. This equation provides a useful tool for 
engineering designs by working out any of the parameters if the other two are known. 
By comparing equation 2.15 with equation 2.11, the KIC value can be related to the 








2 = 𝑌𝐸𝒢𝑐                          … 2.16 
For the plane strain: 
𝐾𝐼𝑐
2 = 𝑌𝐸𝒢𝑐(1 − 𝜈
2)                                         … 2.17 
 
2.2.3 Crack tip plasticity 
As mentioned in equation 2.12, in the linear elastic theory, the stresses in the vicinity of 




𝑓𝑖𝑗(𝜃) + ⋯                                      … 2.18 
According to equation 2.18, when r approaches zero, the stresses become infinite at the 
crack tip. However, in reality, the stresses near the crack tip can be relaxed by inelastic 
deformation, such as plasticity in metallic materials. The plastic strains in most solid 
materials are developed when the stress around the crack tip exceeds material’s yield 
strength. Hence, the linear elastic fracture mechanics (LEFM) gets less applicative in 
this inelastic deformed region.  
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The size of the plastic zone is restricted by the surrounding material and loading 
conditions. Irwin [16] considered a circular plastic zone with a diameter of 2ry (as 
shown Figure 2.5). The scope of the plastic zone (ry) then can be calculated by letting 







)2                                                … 2.19 
However, Irwin [16] also observed that the occurrence of plasticity caused the crack 
show larger displacements and lower stiffness than in the elastic cases. Because the 
crack displacements became larger and the stiffness was lower than in the elastic case. 
This observation led him to put forward a concept of notional crack tip by a ‘plastic 
zone correction’ to the crack length, which is at the center of the circular plastic zone as 
shown in Figure 2.5. Moreover, beyond the plastic zone, the elastic stress distribution 
should be calculated by the notional crack size.  
 
In the case of a through-thickness crack in a non-infinite specimen, if the thickness is 
small and z=0, but the strain is not zero on the free surfaces, thus the stresses normal to 
the free surfaces are absent. Nevertheless, towards the center of the crack front, the 
stress becomes triaxial, and the plane strain is present. Hence, the plastic zone at the tip 
will vary in the thickness direction along the crack front from plane stress at the side 
surface to plane strain in the center (shown in Figure 2.6). For the plane strain condition, 
the plastic zone is restrained by the triaxial stress field, thus for a small plastic zone 







)2                                                  … 2.20 
Dugdale model [17] is another commonly used model for estimating the size of the 
yield zone ahead of a Mode I crack. In the Dugdale model, the plastic region is assumed 
as a narrow strip zone with zero height along the crack tip extending a distance r each 
side, and loaded at a yield stress of ys. There is an internal crack with a crack length 2a 
that tends to grow to a length 2c (r = c - a), and internal stresses tend to close this crack 
in the region |a| < |x| < |c| (see Figure 2.7). As shown in Figure 2.7, all plastic 
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deformation in crack plane ( = 0; r > 0), the applied stress intensity factor can be 
expressed as: 
𝐾𝐼(𝜎) = 𝜎√𝜋(𝑎 + 𝑟)                                     … 2.21 




√𝜋(𝑎 + 𝑟)𝑎𝑟𝑐 cos (
𝑥
𝑎 + 𝑟
)               … 2.22 
Assume that stress singularities are zero, then 𝐾𝐼(𝜎) = −𝐾𝐼(𝜎𝑦𝑠) , and simplified 















)           … 2.23 





= cos 𝑦 → 𝑟 = 𝑎(sec 𝑦 − 1)                   … 2.24 
The trigonometric function can be expanded as: 









+ ⋯ ≃ .1 +
𝑦2
2!
                   … 2.25 








                                       … 2.26 
Comparing Irwin’s and Dugdale’s models for estimating the plastic zone size under 




𝑟(𝐷𝑢𝑔𝑑𝑎𝑙𝑒) = 0.81𝑟(𝐷𝑢𝑔𝑑𝑎𝑙𝑒)           …2.27 
The difference becomes significant as σ/𝜎𝑦𝑠 → 1, but similarities also exist at 0 <
σ/𝜎𝑦𝑠 ≲ 0.2 . Therefore, care needs to be taken when about selecting which 
approximation method to be used at high stress rations.  
 
2.3 Elastic-Plastic fracture mechanics 
The linear elastic fracture mechanics is only applicable for limited crack tip plasticity 
conditions that the plastic zone must be smaller than the crack size and the cracked 
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body remains nearly elastic. When the nonlinear deformation of material is confined to 
a small region near the crack tip, it is necessary to use Elastic-Plastic Fracture 
mechanics (EPFM) to solve these problems. Although the EPFM is not as well 
developed as LEFM theories, it contributes a great extent of solutions in analysing 
fracture beyond the elastic scale. 
 
2.3.1 The J-integral 
The crack-path independent J integral, as presented by Rice [12], is a line integral used 
as a parameter to describes the intensity of the near-tip stress and deformation fields 
which is similar to the way that the stress intensity factor represent the stress and strain 
in linear elastic materials. Consider a cracked linear body subjected to a monotonic load 
as shown in Figure 2.8, all stresses ij are only dependent on two Cartesian coordinates 
(x,y), the strain-energy density (W) can be expressed as: 
W = W(x, y) = W(ε) = ∫ 𝜎𝑖𝑗
𝜀
0
𝜕 𝑖𝑗                                        … 2.28 






𝜕𝑠)                                         … 2.29 
where u is the displacement vector, y is the distance along the direction normal to the 
plane of the crack, ds is an incremental length along the path , and T is the components 
of the vectors of traction [13, 18]. J also can be thought of as the energy flow into the 
crack tip. Therefore, in the case of elastic-plastic fracture behaviour, J provides a way 
of measuring the singularity strength at the crack tip. It is worth noting that the path  
of J integral is evaluated counterclockwise starting from the lower surface and ending 
at the upper surface of the crack [13]. Rice showed that the stress energy release rate (G) 
in a linear elastic material for small-scale yielding is equivalent to the rate of change of 
potential energy for a nonlinear elastic solid (J). Hence, the stress intensity factor can be 







                                                               … 2.30 




                                                        … 2.31 
→ 𝐾𝐼 = √𝐽𝐸∗                                                       … 2.32 
where 𝐸∗ =  𝐸
1−𝜈2
 for the plane strain condition and 𝐸∗ =  𝐸  for the plane stress 
condition. Similar to the stress intensity factor in LEFM, it is reasonable to assume 
there is also a critical value of J as JIC can allow the crack to extend. It was found that J 
is equal to the energy release rate 𝐺𝐼𝐶 = 2𝛾𝑆, therefore, 𝐽𝐼𝐶 = 𝐺𝐼𝐶 = 2𝛾𝑆. 
 
For nonlinear elastic solid, Hutchinson and Rice and Rosengren [18] found the so 
called HRR singular behaviour of strength, strains and displacements around the crack 
tip and showed that the strength of the near-fields is the J-integral. Although the 
J-integral concept has limitation in the plastic zone near the crack tip because unloading 
occurs there as a crack grows, it would be useful in the case of plane strain, predicting a 
reasonable energy release rate and the crack driving force in certain elastic-plastic 
fracture problems [13]. 
 
2.3.2 The R-curve 
The crack extension resistance curve (R-curve) approach was also established by Irwin, 
which attempts to examine the processes of slow stable crack growth and unstable 
fracture in terms of the relationship between the crack size and the total energy 
dissipation rate. The fracture resistance can be represented in terms of energy (GR, R or 
JR) or sometimes stress intensity factor (KR) [13].  
 
In many high toughness materials, the failure does not occur at a certain value of J or 
crack tip opening displacement (CTOD), but these two parameters increase with crack 
growth showing a rising R curve behaviour. The rising R curve is normally caused by 
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the growth and coalescence of microviods around the crack tip. A schematic diagram of 
a typical J resistance curve for a ductile material is shown in Figure 2.9. As indicated in 
the diagram, the crack extension is not prompt because of crack blunting, while the J 
increases dramatically. When the J is high enough, the crack tip becomes sharper 
somewhere as the crack advances and propagates faster. The slope of J resistance 
curves reveal the stability of the crack growth, a steep R curve is probably associated 








                                                    … 2.33 
where JR is a value of J on the resistance curve. Unstable crack growth appears when 
the driving force curve is tangent to the R curve. The R-curve behaviours are different 
between load control condition and displacement control conditions. As shown in 
Figure 2.10, under the load control condition, the crack growth is less stable than the 
displacement control. The driving force can be also expressed as the same R-curve 







)∆𝑇                                          … 2.34 
where T is the total remote displacement defined as: 
∆𝑇= ∆ + 𝐶𝑚𝑃                                                … 2.35 
and Cm is the system compliance. For a stable crack growth, there is condition tenable 
as: 
𝐽 = 𝐽𝑅 𝑎𝑛𝑑 𝑇𝑎𝑝𝑝 ≤ 𝑇𝑅                                         … 2.36 
and when  𝑇𝑎𝑝𝑝 ≥> 𝑇𝑅, unstable crack growth occurs. 
 
In small-scale yielding, there is a J-dominated zone as long as the crack tip and plastic 
zone do not reach the specimen surfaces, which is only dependent on the real-time load 
and crack size. The J-controlled crack growth condition is shown in Figure 2.11. To 
meet the J-controlled condition, the elastic unloading and nonproportional plastic 
loading zones must be within the J-dominated zone [19]. Three distinct stages can be 
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identified in crack growth resistance curves as presented in Figure 2.12. As mentioned 
above, the crack growth during the initial stage exhibits a finite slope because of crack 
tip blunting which also has a continuous influence on the crack-tip stresses and strain at 
stage 2. At the stage 2, the slope becomes steeper as a result of fracture initiation [19, 
20]. When the crack propagates far away from the initial stage, the slope of the R curve 
decreases and approaches a steady-state condition, where the local stresses and strains 
no longer depend on the extent of crack growth [19].  
 
2.3.3 The crack tip opening displacement (CTOD) approach 
Although the J-integral and R-curve concepts can provide some solutions in 
characterising the elastic-plastic fracture mechanics, they all have limited scope of 
applications. For instance, the R-curve concept is not applicable if the plastic zone 
intersects with the specimen boundaries, and the J-integral is only practicable for 
stationary cracks. It is necessary to have an approach to describe the near-tip crack 
profile [12]. Wells [21] introduced the crack tip opening displacement (CTOD) 
approach as a measurement for fracture toughness where finite strain deformation is 
dominant. The schematic definition of CTOD is shown in Figure 2.13. The opening 
displacement of the original crack tip is defined as , which can be analysed using 
Dugdales strip yield model. This displacement is the distance between two intersection 
points of a 90 vertex with the upper and lower crack faces. The Wells modeling 







                                                      … 2.37 
where 𝐸∗ = 𝐸  and 𝜎𝑦𝑠∗ =  𝜎𝑦𝑠  for plane stress, and 𝐸∗ = 𝐸/(1 − 𝜈2)  and 𝜎𝑦𝑠∗ =
 𝜎𝑦𝑠/(1 − 2𝜈) for plane strain [12]. Alternatively, CTOD can also be related to the 






                                                          … 2.38 
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Dugdale [19] latterly conducted a strip-yield model as an alternate method to analyse 
CTOD. The CTOD is defined as the crack opening displacement at the end of the 
strip-yield zone, as shown in Figure 2.14. The material in this strip is assumed as having 
a perfect plastic manner. This model provides a solution for a center Mode I crack in an 









)                                        … 2.39 
In small-scale yielding for linear elastic materials, the J-integral and the CTOD have a 
relationship, that is: 
J = 𝒢 =
𝐾2
𝐸
= 𝑚𝜎𝑦𝑠𝛿                                            … 2.40 
where m is a dimensionless constant which depends on the stress state and material 
properties [19]. For plane stress condition and non-hardening materials, m=1, and m=2 


























Figure 2.1. Schematic diagram of the fracture energy balance theory. S is the surface 











































Figure 2.7. Dugdale plastic zone strip model for non-strain hardening plastic solid 


































Figure 2.10. J driving force/R curve diagram showing the comparison of load control 



























3.1 Introduction of fatigue 
Fatigue is the process which causes local cracking due to cyclic loading. It involves the 
initiation and evolution of cracks at loads that are far below the static strength of a 
material. Fatigue cracks can initiate very slow but their propagation rate increases 
dramatically with the increasing crack length. 90% of all mechanical failures have been 
reported to have occurred as a consequence of fatigue [23]. Therefore, fatigue of 
structural material is regarded as a crucial problem for engineering design.  
 
In terms of metals, the fatigue process starts at an internal or surface defect where the 
stresses are concentrated, and continuously develops due to shear flow along slip planes. 
After a number of cycles, slip steps will be created due to cyclic slip, and begin to 
resemble a crack [11]. As soon as fresh material surface created, it will be immediately 
covered by an oxide layer in most environments [23]. The fatigue process usually 
cannot be fully reversible for two reasons. First, the oxide layers cannot be easily 
removed and thereby arrests some slip at the fresh crack surface. Secondly, strain 
hardening in the slip band is not fully reversible. Thus, the reversed slip can only occur 
on adjacent parallel slip planes instead of the original slip plane [23]. On a typical 
fatigue fracture surface, the clamshell region which contains concentric “beach marks” 
can be observed, and each clamshell marking may represent hundreds or thousands of 
cycles. The final fracture region is usually very rough [11].  
 
There are some basic factors that are used to characterise a fatigue process as shown in 
Figure 3.1. These are: (1) Maximum stress (max) and Minimum stress (min); (2) Mean 
stress (m): 𝜎𝑚 =
𝜎𝑚𝑎𝑥+𝜎𝑚𝑖𝑛
2





 ; (4) stress 
amplitude (): ∆σ = 𝜎𝑚𝑎𝑥−𝜎𝑚𝑖𝑛
2
; (5) Frequency of loading cycle (f); and (6) the 
loading waveform. In addition, there are a host of other variables, such as temperature, 
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temperature variation, corrosion, oxidation, surface finish, coatings and microstructure. 
These variables can be considered by using a number of empirical laws and different 
testing methods. According to the variables listed above, the fatigue conditions can be 
classified into two regimes: high-cycle fatigue and low-cycle fatigue. 
 
High-cycle fatigue (HCF): Low amplitude stresses result in primarily elastic strains and 
so that fatigue life is long, i.e. (N>105 cycles). HCF data is usually presented by S-N 
curves (see in section 3.2.1) [24].  
 
Low-cycle fatigue (LCF): usually low frequency, in the case of gas turbines due to 
engine start/stop or throttle cycles. Significant plastic deformation during cyclic 
loading, and the fatigue life is relatively short (N<104 cycles). LCF data are often 
presented by plotting the plastic strain range, p, against cycles to failure, N, which 




′ (2𝑁)𝑐                                                … 3.1 
where 𝑓′  is a constant named fatigue ductility coefficient, and c is an empirical 
constant known as the fatigue ductility exponent of which the range is about -0.5 to -0.7 
for common metal materials. 
 
3.2 Different approaches to fatigue 
3.2.1 Total-life approaches 
This approach focuses on predicting the fatigue life i.e. total cycles to failure (N) in 
order to retire a component before fatigue cracks cause final rupture. S-N curve is 
usually used to characterise the total fatigue life for HCF where the stress range is low 
and the stresses are theoretically elastic. For LCF, the stresses are much higher than 
HCF and so that plastic strain may be extensive. Thus strain range can be used as a 
reference for fatigue total life.  
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The S-N curve is the most important concept to characterise HCF, in which the constant 
cyclic stress amplitude (S) is plotted as a function of the total number of loading cycles 
(N). In some materials, usually ferrous alloys, there is a fatigue limit below which 
failure does not occur no matter how many loading cycles are applied and the S-N 
curve becomes flat after a certain number of cycles [24]. However, for other materials, 
such as aluminum, no fatigue limit exists. Hence the lifetime of a component should be 
designed to be less than the failure point on the S-N curve of the material for the most 
severe condition.  
 
3.2.2 Damage-tolerance approach 
For a structure with inherent flaws, it is necessary to know the crack growth rate and 
crack size to ensure that flaws will not grow to a critical size and cause catastrophic 
failure. The damage-tolerance approach was adopted by the U.S. Air Force in order to 
predict an accurate fatigue life of a structure with initially existing flaws. A damage 
tolerance approach aims to solve two questions for an initially cracked structure: the 
critical crack length under a certain fracture stress and the length of time for a crack to 
grow to the critical size leading to the final fracture at the given stress [25].  
 
The use of linear elastic fracture mechanics enables the prediction of critical crack size 
by knowing the applied stress and the critical stress intensity factor, KIC. Therefore, 
nominally elastic behaviour is required for the analysis, but small amounts of crack-tip 
plasticity are allowed [25]. For purposes of determining the initial crack size, 
Non-Destructive Testing (NDT) techniques, such as X-ray, ultrasonic, dye penetrant or 
eddy current are often used. The crack growth rate is exponential in nature, and when it 
is plotted versus the corresponding crack length, i.e. the fatigue crack resistance curve, 




3.3 Fatigue crack growth resistance curve (da/dN vs. K curve) 
The fatigue crack growth tests are mostly carried out under constant load amplitude test 
condition with a sharp mode I crack. The fatigue crack growth rate is usually expressed 
by a log-log plot of da/dN versus K curve, i.e. fatigue crack growth resistance curve 
(FCGRC). The fatigue crack growth rate, da/dN, is the instantaneous slope of an a-N 
curve at a particular crack length. The corresponding applied stress intensity factor 
range, K, can be calculated by knowing the crack length (a), applied stress range (), 
and the stress intensity factor solution, as given by the following equations: 
∆σ = 𝜎𝑚𝑎𝑥 − 𝜎𝑚𝑖𝑛                                        … 3.2 
∆K = 𝐾𝑚𝑎𝑥 − 𝐾𝑚𝑖𝑛 = 𝑌∆𝜎√𝜋𝑎                              … 3.3 
In equation 3.2, the max and min are the maximum and minimum stresses of cyclic 
fatigue loading, respectively. In equation 3.3, the max and min are the maximum and 
minimum stress intensity factors of cyclic fatigue loading, respectively. Y is 
dimensionless geometry parameter.  
 
A typical sigmoidal FCGRC for normal engineering materials has been found to have 
three regimes as shown in Figure 3.1. The three regimes exhibit different fatigue crack 
growth behaviours, behind which the failure mechanisms are various as well.  
 
Regime I: This is the near threshold region. There is a fatigue threshold value, Kth, 
below which the fatigue crack cannot propagate. Once a crack is initiated, it prefers to 
propagate along the maximum shear stress planes (45 ° to the loading axis). The 
naturally-initiate cracks are likely to occur within microstructural units, such as grain 
boundaries, lamellar interfaces, thus often shows short crack growth behaviours. Grain 
boundaries, inclusions, precipitates can act as microstructural barriers to decelerate the 
crack propagation. Hence, at this regime the crack growth is extremely sensitive to the 
microstructure since the K value is low. Grain refinement and surface treatments are 
effective ways to increase microstructural barriers at this regime to restrict crack 
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initiation and propagation [26]. Load ratio also has strong influences on the fatigue 
crack initiation, which is associated with effective stress intensity factor range, Keff. 
The influence of load ratio on Keff is associated with crack closure shielding 
mechanism which can increase the effective minimum stress intensity in a fatigue cycle 
[27]. The concepts mentioned above are usually applied for long fatigue cracks. Short 
fatigue cracks often exhibit difference fatigue behavious in this regime, and the reasons 
will be given in section 3.6.  
 
Regime II: This regime is also called “Paris Law” regime, where the slope of the log 
da/dN vs. K curve is approximately linear and can be described by the Paris Law 
equation, which was proposed in the early 1960s as follows [18]: 
𝑑𝑎
𝑑𝑁
= 𝐶(∆𝐾)𝑚                                                      … 3.4 
where C and m are material constants. The value of m is the slope of the liner 
relationship, and it is usually used as a parameter to examine and describe the 
increasing speed of fatigue crack growth.  
 
Because the stress intensity becomes higher as a consequence of crack growth, the 
plastic zone around the crack tip is able to cover more grains. Therefore, the crack 
growth begins to involve more slip planes initiating regime II. Appearance of visible 
“striations” on the surface is an important sign of this stage. However, not all 
engineering materials exhibit striations, they are mostly found in ductile materials [26]. 
The possible reason to explain the formation of striations is that the successive blunting 
and re-sharpening of the crack tip [26]. 
 
Regime III: The crack growth rate increases dramatically to unstable status as Kmax 
approaches KIC. At this stage, the crack growth is mainly dominated by static fracture 
and is sensitive to the microstructure and stress ratio. On the fracture surface, there are 
two distinct fatigue fracture regions – stable fatigue crack growth region and unstable 
34 
 
fatigue crack growth region. The former has a relative smooth fracture surface while 
the fractrographic feature of the latter is similar to that of monotonic load caused 
fracture [26]. The Paris Law relationship can be modified to estimate the FCGR by 






(1 − 𝑅)𝐾𝑄 − ∆𝐾
                                              … 3.5 
 
3.4 Factors affecting fatigue crack threshold and growth 
3.4.1 Effect of mean load 
The mean load has been found to have a strong influence on fatigue crack growth rates. 
The mean load can be indicated by the R ratio which has been defined above. 
Increasing the R ratio means increasing the mean stress, thus the FCGRC tends to be 
increased although the increase of region II may be small. In addition, the fatigue life 
may be reduced by higher mean stress as well. As mean stress has significant influence 
on the fatigue crack growth, a number of mathematical models have been established in 
order to predict the effects of mean stress on stress amplitude from fully 
reversed-bending data [24]. The Goodman diagram is the most common method to 
solve this problem, shown in Figure 3.3 [11]. This diagram can be mathematically 






= 1                                                      … 3.6 
where a is the alternating stress, m is the mean stress, e is the fatigue limit for 
completely reverse loading, and f is the ultimate tensile stress [11]. This diagram can 
be used to predict the safe cyclic loading condition: stress conditions that fall under the 
line means that the material should not fail for the given stresses (mean stress and 
applied stress), and no failure at stresses in the area above the line. If knowing the ratio 
of e to a, by drawing a line from the origin with a slope equal to that ratio, the 
intersection point at the lifeline indicates the effective endurance limit for the 
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combination of e and f  [29]. 
3.4.2 Temperature 
At low temperature (around Room Temperature), the fatigue process involves crack 
initiation through intercrystalline slip on the surface, followed by transcrystalline 
propagation [30]. The fatigue mechanisms and macroscopic modes of failure in brittle 
materials are similar to those caused by monotonic loading. Because of bridging 
stresses and frictional contact between the pull-push grains and the crack faces, R-curve 
behaviour is more significant at low temperature than elevated temperature, especially 
in brittle materials [18]. 
 
At elevated temperatures ( ≳ 0.5𝑇𝑚 ), grain boundary sliding and diffusion, and 
environmental interaction, such as stress corrosion cracking, oxidation, and hydrogen 
embrittlement, significantly affect the fatigue crack threshold and propagation [18]. On 
one hand, oxidation can lessen the slip reversibility and cause embrittlement of the 
material due to diffusion of oxygen so that the result is higher fatigue crack growth rates. 
On the other hand, oxidation can also improve fatigue crack growth resistance by 
reducing the crack opening displacement and thereby reducing the Keff, which is 
called oxidation-induced crack closure (see section 3.5.2). 
 
In high temperature fatigue, there is a transition from fatigue failure to creep failure as 
the temperature increase, and the creep becomes dominant at high temperatures and 
high stresses. Creep-fatigue interaction is common during cyclic loading at elevated 
temperatures, which occurs when the cyclic stress or strain amplitude is large compared 
to the mean stress. For creep-fatigue alternate loading tests, the total failure time can be 
predicted by combination of Palmgren-Miner (P-M) rule for fatigue life with 







= 1                                          … 3.7 
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where the two terms represent the portion of life time for pure fatigue and pure creep, 
respectively [31]. Both fatigue and creep failures are time-dependent. More 
time-dependent processes, such as increasing temperature, reducing the frequency and 
other environmental interactions, can greatly affect the fatigue life. It has been reported 
that temperature increase or frequency decrease causing fatigue life reduction is usually 
accompanied with a change of fracture mode from transgranular to intergranular [31].  
 
3.4.3 Microstructure 
As mentioned above, microstructure has a strong influence on fatigue crack growth 
behaviour in stage I and III, i.e. the crack initiation/near threshold region and unstable 
crack growth region. The material microstructure can affect the fatigue crack growth in 
several ways: 
1. Grain size: A number of studies have been carried out on different materials to 
investigate the effect of grain size on fatigue crack growth. Fine grain structures 
have been shown to generally provide better fatigue resistance than coarse grains, 
except at elevated temperatures where creep-fatigue interaction exists. However, 
coarse grain is superior to fine grain in certain creep regimes [24]. Fine grains can 
also enhance fatigue crack growth resistance in two ways: reducing localised 
strains along the slip bands and the amount of irreversible slip; more grain 
boundaries can assist transcrystalline crack arrest and deflection, thus continuous 
crack propagation becomes more difficult [32]. Other grain size effects are 
associated with small/short crack behaviour and crack closure effects which will be 
discussed below. 
 
2. Anisotropy: In polycrystalline materials, mechanical properties, such as Young’s 
Modulus, fracture toughness and fatigue properties vary with texture orientation 
which is called material anisotropy. The anisotropy is usually produced by 
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manufacturing processes like casting, rolling, forging, and extrusion [33]. There 
are so-called “hard orientation” and “soft orientation” where crystallographic 
orientations that are favourable for fatigue crack growth of grains are near-parallel 
and near-perpendicular to the loading direction, respectively. Higher fatigue crack 
growth resistance is always found in grains that have a ‘hard orientation’. 
Therefore, when fatigue cracks reach hard-orientated grains, they may change the 
propagation path by deflection or renucleation in other “softer” grains, unless the 
driving force is high enough to allow them to grow transgranularly.  
 
3. Inclusions, voids and porosity: The presence of defects in metallic materials, such 
as inclusions, voids and porosity, is usually due to impurity of raw material, 
oxidation during solidification, gas evolution, or incomplete sintering during 
consolidation. They can affect the fatigue properties of material in three ways: (1) 
act as stress concentration sites, (2) reduce the stress/strain required for crack 
nucleation (usually short cracks which may exhibit short crack behaviour), and (3) 
reduce total fatigue life. NDT techniques are often used to identify those defects 
before putting a component into service. Moreover, the damage-tolerance and 
total-life approaches can be used to calculate the critical defect size and predict 
fatigue life to failures.  
 
3.5 Crack closure mechanisms and other retardation mechanisms 
3.5.1 Concepts of crack closure 
Most fracture mechanics concepts applied to fatigue crack growth considering the 
crack surfaces to be smooth, and the crack is zero-width. In practice, there is always 
crack surface contact with each other during fatigue loading. Elber firstly emphasised 
the importance of fatigue crack closure under a tensile load, and provided a quantitative 
method for its analysis [34]. After the discovery of “plasticity” induced crack closure, 
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several other closure mechanisms, such as roughness induced crack closure, oxidation 
induced crack closure, have been identified by Suresh, Ritchie et al. [18]. More types of 
crack closure mechanisms are presented in Figure 3.4. By introducing the crack closure 
concept, more types of fatigue crack growth behaviours have been able to be explained. 
 
Due to the crack closure mechanism, the fatigue crack growth is retarded during fatigue 
cycling and is no longer simply dependent on Kmax-Kmin, but is decided by the effective 
stress intensity factor range which can be expressed as following relationship: 
∆𝐾𝑒𝑓𝑓 = 𝐾𝑚𝑎𝑥 − 𝐾𝑜𝑝                                        … 3.7 
where Kop refers to the lowest stress intensity factor for fully crack opening. Sometimes, 
the Kop can be replaced by Kcl which is the stress intensity at which the crack faces come 
into contact, i.e. close a crack. When  𝐾𝑚𝑖𝑛 < 𝐾𝑜𝑝 , the Keff can be written as 
equation3.7. If 𝐾𝑚𝑖𝑛 > 𝐾𝑜𝑝, ∆𝐾𝑒𝑓𝑓 = 𝐾𝑚𝑎𝑥 − 𝐾𝑚𝑖𝑛.  
 













         … 3.8 
where S represents stress. If there is little or no crack closure, the value of U approaches 
1, and if the loading conditions show extensive crack closure, the value of U is small. 





𝑚 = 𝐶(𝑈∆𝐾)𝑚                                … 3.9 
Most studies of crack closure effects on fatigue crack growth focus on regime I 
(threshold region) because: (1) crack closure is most significant since the Kmin is lower 
than Kop; (2) More influential factors are involved, such as environment, microstructure 





3.5.2 Different crack closure mechanisms 
Plasticity-induced crack closure (PICC): Elber [18]  proposed a hypothesis that 
crack closure is induced by the existence of residual strain left in the crack wake. This 
was obtained from the observation that crack surfaces remain in contact while the 
specimen as a whole is under a tensile load. This type of closure arises from residual 
compressive stress introduced by the elastic and plastic deformation during unloading 
in the plastic wake zone. During a new cycle, the crack tip remains closed until the 
applied load is high enough to overcome this compressive residual stress. Therefore, 
the fatigue crack growth rate is not only dependent on the stress field ahead of the crack 
tip, but also affected by the nature of crack face contact which is associated with factors 
such as the loading history, crack length and stress state. As the stress intensity factor 
increases, the size of the plastic zone ahead of crack tip becomes larger and so forms an 
envelope of plastic zone around the crack wake (as shown in Figure 3.5) [18].  
 
Roughness-induced crack closure (RICC): This kind of closure is caused by the 
crack wedging effect of asperities and other protrusions on the crack surface. A small 
Mode II deflection occurs due to crack path deviation [24]. This deviation is caused by 
transcrystalline facets since cracks propagate at favorable orientations [36]. This 
concept provides explanation for many anomalous fatigue crack growth behaviour 
caused by microstructure, especially in the near-threshold regime which is particularly 
sensitive to microstructure variation [18]. Gary et al. [37] studied the grain size effect 
on the RICC in steel, and found that coarse grain samples were superior to fine grain 
samples in near-threshold crack growth rate at low R ratios (R=0.1), but this difference 
nearly disappeared at high R ratio (R=0.7). This suggested that roughness-induced 
crack closure is less significant at high R ratios due to Mode II displacement. However, 
the relationship between RICC mechanism and grain size has not been fully understood. 
There are several factors that can enhance RICC: (1) low stress intensity factor regime 
as grain size is greater or comparable to the plastic zone size; (2) small crack tip 
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opening displacements of which size is comparable or smaller than the average height 
of the fracture surface asperities; (3) microstructures containing highly planar, 
crystallographic slip (such as coarse grain, shearable and coherent precipitates); (4) 
crack deflections caused by microstructural incoherence and multiphase; (5) enhance 
slip irreversibility [18]. 
 
Oxidation-induced crack closure (OICC): The formation of oxide and corrosion 
debris on the crack wake has been confirmed as the reason for OICC. OICC has been 
noticed to have significant effect on near-threshold fatigue crack growth and such 
effects are associated with the oxide thickness. Moist atmospheres readily cause oxide 
films to develop as a result of “fretting oxidation” at low R ratio, i.e. a repeated process 
of breaking and reforming oxide scale on the crack wake due to crack surface 
“smashing” caused by PICC. This closure mechanism is less effective in a dry and 
oxygen-free atmosphere and high R ratio loading condition where the high Kmax values 
are high and thereby weaken the PICC mechanism. However, this environmental 
associated closure mechanism is only applicable to near the threshold regime where the 
thickness of oxide layer is the same order of magnitude as the CTOD [36-38]. 
 
3.5.3 Other retardation mechanisms 
Crack bridging effect: This mechanism is usually found in a composite material with 
unidirectional, continuous fibre reinforcements, but is also available in some metallic 
alloys with a lamellar structure or reinforced fibers, such as lamellar -TiAl and SiC 
fiber-reinforced Ti alloys. Studies have shown that ductile alloys reinforced with brittle 
fibres have better near-threshold fatigue crack growth behaviour than unreinforced 
alloys if fatigue failure occurs predominantly within the ductile matrix. The reinforcing 
phase itself ahead of crack front can play a role of trapping the crack front. In addition, 
the fatigue resistance also can be improved through limiting the effective CTOD by 
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unbroken brittle fibres forming bridging ligaments [18]. For brittle alloys, such as 
-TiAl alloy, a ductile phase, for instance TiNb fibres, provides significant bridging 
toughening effect which improves fatigue crack resistance of the alloy [4]. However, if 
the particles debond from the matrix, the interfacial debonding site can act as a crack 
initiation site and so reduce fatigue crack growth resistance of the alloy. Moreover, the 
bridging toughening mechanism depends on the size, shape, distribution of reinforcing 
phases and their toughness compared with the matrix [18].  
 
Crack deflection: During fatigue crack propagation, the crack front tends to seek the 
easiest path, such as soft-oriented grains, grain boundaries, and the maximum loading 
direction, thus cracks deflect from the nominal growth plane. Crack deflection has been 
shown to enhance the fatigue crack resistance in both brittle and ductile materials. It has 
been reported that even small amounts of deflection in the growth path can reduce 
fatigue crack growth rate by several orders of magnitude, especially in the 
near-threshold regime. The reasons why crack deflection can promote fatigue crack 
growth resistance are summarised by Suresh [18] from three points of view: 
(1) If the crack deflects from Mode I growth direction, the required driving force is 
apparently larger than it for a straight crack path.  
(2) For the same effective driving force, a deflected crack propagates at a slower rate 
than a straight crack since the crack path is longer than a straight line from one point 
to the other point. 
(3) During the closing portion of a cycle, a small mismatch between the mating crack 
faces can cause premature contact, and thereby leads to crack closure which further 
amplifies the apparent driving force required for the crack growth. 
 
3.6 The small crack behaviour 
Most studies based on LEFM focus on crack size beyond a critical value, but for short 
cracks, which practically exist in a number of engineering components, the LEFM 
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meets its limitation since short fatigue cracks behave differently from long cracks. Lots 
of efforts have been made to reveal the mechanisms of the so-called anomalous growth 
of “small/short” fatigue cracks compared to those “large/long” ones. There are several 
questions needed to be answered for short cracks: (1) How to define short cracks? (2) 
What are the differences in fatigue behaviour between short and long cracks? (3) Why 
short cracks exhibit anomalous fatigue crack growth behaviour? 
 
3.6.1 Definition of small crack 
According to several crack size dependent fatigue crack growth behaviours, possible 
definitions of short cracks were proposed by Suresh & Ritchie [18]: 
(1) The length of the fatigue crack is smaller or comparable to some controlling 
microstructural dimensions, such as the grain size, where the crack growth can be 
retarded or arrested by localised microstructural “barriers”, such as grain 
boundaries or other interfaces [18, 39, 40]. 
(2) For smooth specimens, the crack length is small comparable to the near-tip 
plasticity, where the stress intensity K is inapplicable for small-scale yielding. 
(3) Fatigue crack size is significantly larger than the microstructural units and scale of 
local plasticity, but is still small physically (i.e. crack length less than about 1 or 
2mm) [18]. This kind of small cracks can reduce the role of shielding and result in a 
higher local driving force than the large fatigue crack for a same value of stress 
intensity [39]. 
 
3.6.2 Effect of small crack on fatigue threshold and crack propagation 
The two main characteristics of small cracks in terms of fatigue behaviour are: (1) the 
small cracks can grow at values of K lower than that of the threshold for long cracks; 
and (2) the crack growth rates of small cracks are higher than a long crack for the same 
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value of K [18, 41]. The schematic diagram showing the difference of fatigue 
behaviour between short and long cracks is presented in Figure 3.6.  
 
In the study of McEvily [27], the reasons for faster fatigue crack growth rate of short 
crack than long cracks were summarised as:  
(1) The plastic zone size around the short crack tip is relatively larger than the crack 
length, and thus LEFM is no longer applicable.  
(2) The applied stress level may be even higher than the yield strength of material 
which should be considered as small scale yielding condition. Cracks can naturally 
initiate at stress or strain amplitudes above the fatigue limit and yield stress. Although 
the normal stress may be below the yield strength of entire specimen, localised resolved 
shear strength can be in excess of the critical resolved stress required to activate the 
primary slip system.  
(3) The crack closure effect varies with crack length from a short to a long crack. When 
the crack just initiates, the closure level is zero and then it increases with increasing 
crack length to the level associated with a long crack. Moreover, the higher closure 
level is the lower Keff if the Kcl is greater than Kmin, and a greater driving force is 
required to grow a short crack compared to a long crack at the same K level.  
 
Among these theories, crack closure has been mostly used to explain the cause of short 
crack behaviour in different materials [40, 42-44]. It was found that roughness- and 
plasticity-induced closure plays a dominant role on the early stage of fatigue crack 
growth [45]. The closure level varies with crystallographic orientation which results in 
the changes of the crack growth path and model [44, 45]. The other factor that alters 
closure level is the angle between the slip planes in different grains. Short cracks 
usually retard at microstructural interfaces which explain the decrease of growth rate as 
shown in Figure 3.6. There are two possible reasons to explain this interface retardation 
for short cracks: (1) it is difficult for slip to occur across an interface and so cause an 
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incubation period which is dependent on the angle between interfaces; and (2) Crack 
closure level at the interface may be increased due to non-continuum crack tip plasticity 
























Figure 3.2. a typical fatigue crack growth resistance curve for engineering materials. 









Figure 3.4. Different types of crack closure mechanisms: (a) plasticity-induced crack 
closure; (b) oxide-induced crack closure; (c) roughness-induced crack closure; (d) 
fluid-induced crack closure; (e) transformation-induced crack closure; (f) crack 





Figure 3.5. Schematic diagram showing the develop of an envelope of plastic zones 
around the wake of crack advance [18]. 
 
 
Figure 3.6. A schematic diagram showing the difference of fatigue behaviour between 
short and long cracks as a function of K values [18]. 
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4. Gamma Titanium Aluminides 
4.1 Overview  
4.1.1 Titanium Aluminides and related phases 
Titanium aluminides (TiAl) are a class of intermetallic compound. Three major 
intermetallic phases have been identified in the TiAl alloys, 2-Ti3Al, -TiAl and TiAl3 
[3]. Among these three phases, the -TiAl and 2-Ti3Al phases have been found to be of 
engineering significance in high-temperature applications. The Ti-Al phase diagram is 
given in Figure 4.1. Ti-Al phase diagram [8]. The properties of Ti3Al-based alloys and 
TiAl-based alloys are compared and shown in Table 4.1.  
 
Ti3Al (2) 
The content of aluminum in the Ti3Al phase (usually called 2 phase) is in a range of 
22-39 at.%. The 2 phase has a hexagonal ordered D019 structure as shown in Figure 
4.2(a). The ratio of the lattice parameters c and a is about 0.8. The fracture strength 
remains at approximately 600 MPa up to 600 °C. At temperatures below 400 °C, this 
phase is brittle with nearly no deformability (such as microcracking). Due to the limited 
number of slip systems, there is and no stress-relieving twinning in this hexagonal 
structure, cleavage fracture usually initiates at grain boundaries. Moreover, high rates 
of oxygen and hydrogen absorption makes this phase even more brittle at high 
temperatures [3, 8]. The addition of Nb has been reported to improve the mechanical 
properties although not creep resistance. Other alloying elements such like Cr, Ta and 
Mo can also improve the strength of 2 phase, and the Mo additionally benefits the 
creep strength.  
 
TiAl3 
This phase is of less concern for aero-engines than the other two phases. It has a 
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tetragonal D022 structure which makes the dislocation mobility low so that twinning is a 
main deformation mode in this phase. As a consequence of this, there is nearly no 
ductility at temperatures below 620 °C. However, it is still quite useful, for instance, its 
density is only 3.3 g/cm3 which is suitable for lightweight structural applications and its 
oxidation resistance is superior to the 2 phase and  phases. Hence it is being 
considered as a coating material [3].  
 
TiAl () 
The TiAl phase has an ordered face –centered tetragonal L10 structure as shown in 
Figure 4.2 (b), with a wide range of Al content (49-66 at.%) . The range of Al content 
that is of practical use is about 44-49%. The ratio of the lattice parameter c and a is 1.02 
and increases with increasing Al content up to 1.03 [46]. There is nearly no 
deformability below about 700 °C, thus it is brittle at low and medium temperatures. 
Above this temperature, the phase softens and more plasticity leads to a yield strength 
below its fracture strength [3]. The micromechanisms of deformation and associated 
mechanical properties have been studied by many researchers previously [47-50]. The 
plasticity in this phase is cause by single dislocations and superdislocations. However, 
the mobility of dislocations is low which is responsible for its brittleness. Twinning is 
the other important deformation mechanism. At high temperature, its kinematic 
irreversibility results in fast crack growth rates in the Paris regime and high K 
regime[3, 47]. Various elements have been alloyed in TiAl in order to optimise its 
mechanical properties, for instance, Nb, Ta and W can improve its oxidation resistance 
and V, Cr and Mn offer the benefit for increasing ductility. However, these elements 
cannot give both benefits at the same time [46]. The solubility of oxygen in TiAl is 
lower than in Ti3Al. As with other titanium aluminides, it also has the problem of 
environmental embrittlement which depends on several factors such as temperature, 




4.1.2 Microstructure of Gamma Titanium Aluminides 
Although a lot of research has been carried out in improving mechanical properties, 
especially ductility of the three titanium aluminide phases using grain refinement or 
alloying, no complete solution for the problem has been worked out. But dual phase 
alloys of titanium aluminides which can be obtained with an Al content between 
53.2-62.1wt.% exhibit better performance [8, 51].  
 
The microstructures of two-phase gamma titanium aluminides have been widely 
classified into four categories which are (1) near-gamma. (2) duplex (DP), (3) 
nearly-lamellar (NL) and (4) fully lamellar (FL). More microstructures of gamma 
TiAl-based alloys are schematically shown in Figure 4.3. These microstructures can be 
obtained through different heat-treatments, and can vary in volume fraction of lamellar 
colonies and in colony size, such as refined fully lamellar, refined duplex, and coarse 
lamellar [8, 52]. Among these microstructures, duplex and fully lamellar 
microstructures have received most attention because their mechanical properties are 
suitable for aero-engine applications. As shown in Figure 4.4, a duplex microstructure 
consisting of equiaxed  single –phase grains and lamellar colonies can be obtained 
using heat-treatment in the + phase field at a temperature (T3) around 1200 °C [5, 8]. 
A lamellar microstructure consists of colonies containing alternating  and α2 plates[53]. 
The fully lamellar microstructure is generated by heat-treatment at temperature (T1) in 
the pure  phase field while a nearly-lamellar microstructure forms at a temperature (T2) 
between that of fully lamellar and duplex microstructures [8]. Due to fine grain size and 
homogeneousness, duplex microstructures have better ductility and strength at room 
temperature and are more resistant to crack initiation than a fully lamellar structure. 
The lamellar microstructures exhibit poor ductility, but are superior to the duplex 
structure in high-temperature creep, fatigue resistance and fracture toughness [5, 7, 54].  
 
Even for the same microstructure type, the mechanical properties can vary because of 
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microstructural parameters, such as colony/grain size, lamellar spacing, and colony 
orientations. Kim [12] measured and compared the tensile properties of -based TiAl 
alloys with different microstructures, grain size and lamellar spacing against 
temperature (shown in Figure 4.5). As can be seen, the UTS of duplex structures 
remained at a quite high level up to 800 °C, while a slight drop in yield strength is found 
over a similar temperature range. Even though a coarse fully-lamellar alloy exhibited 
lower strength than a duplex microstructure at room and medium temperatures, the 
retention of its strength at high temperatures is more preferable, which is only less than 
25% reduction at 950 °C compared to RT. The fine fully-lamellar microstructure also 
showed good high temperature retention, but has higher yield strength and UTS than 
the large-colony lamellar alloy. The fully lamellar structures appear to have higher 
brittle-ductile transition temperatures than duplex structures [54].  
 
4.2 Alloying additions 
4.2.1 Niobium 
Niobium (Nb) is one of the most frequently used additions to titanium aluminides. Its 
functions are similar to those mentioned above for Ti3Al phase. The enhancement of 
oxidation and creep resistance is the uppermost reasons for its addition. It is reported by 
Tsuyama et al. that additions of Nb over 1at.% result in greatly improved oxidation 
resistance [55]. Moreover, TiAl-based alloys can still retain a fully-lamellar structure 
even with additions of Nb as high as 10 at.% [5]. Appel at el. [56] summerised the 
reasons for the good balance of mechanical properties in the Ti-45Al-(5-10)Nb alloys 
which are common in Nb-bearing alloys: (1) structural refinement, (2) reduction of 






It is reported that the addition of manganese (Mn) can improve ductility of TiAl alloys 
for a number of reasons. These include increased slip activity [46], increased 
deformation induced twin activity [57], and the reduction in lattice tetragonality [46, 57, 
58]. Because it reduces the stacking fault energy, Mn is able to increase the propensity 
of twinning [8]. However, it has also been reported that the addition of Mn results in a 
reduction in high temperature properties like oxidation resistance [55]. However, other 
research suggests that Mn can combine with other elements like Ta and W to give 
oxidation-resistant alloys [59].  
 
4.2.3 Boron 
It has been reported that a reduction in colony size can significantly improve the 
ductility of lamellar microstructures at room temperature. Currently, the most effective 
and economic method for colony refinement in TiAl alloys is by addition of boron 
which is well known as XDTM technology [60, 61]. The XDTM process was developed 
by Martin Marietta Company. It involves an exothermic reaction resulting in the in-situ 
formation of discontinuous particles (usually TiB2 in -based alloys) in the matrix, and 
is applicable for either ingot metallurgy or powder metallurgy [62]. The mechanism of 
refinement is believed to result from grain/colony boundary pinning and prevention of 
excessive grain growth via precipitation of borides during solidification. Additionally, 
the presence of particulates in titanium aluminides can also strongly influence the 
kinetics of phase transformation, which makes them critical for mechanical property 
enhancement [62].  
 
Although the reinforcing boride phase can have a large volume fraction in the matrix 
metal (up to about 10 vol.% by investment casting and 60 vol.% by powder metallurgy 
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processing), the effect on grain refinement is not unbounded. There is a minimum 
boron level below which no grain refinement occurs at all. It has also been commented 
by Larsen et al that maximum grain refinement was achieved at 1 vol.% TiB2 and there 
is no prominent reduction in grain size with further additions of boron[60, 63].  
 
Comparisons have been made of the creep resistance between titanium aluminides with 
and without TiB2. The results suggest that the mechanisms of creep deformation are 
independent of processing methods and the presence of TiB2 particulates. However, 
since the creep resistance can increase with decreasing matrix grain size, the alloy with 
particulates did show an improvement on creep resistance by grain refinement [62].  
 
Tensile tests carried out by Hu et al. [61] showed that borides morphology can also 
affect crack initiation. Some long titanium boride ribbons (up to 200 m) were 
observed in cast high-alloyed alloys, such as Ti-(44-46) Al-8 (Nb, Hf)-xB. These alloys 
showed poor ductility of less than 0.3% due to debonding of the long boride ribbons 
causing cracks. 
 
4.2.4 Other elements 
The research on enhancing mechanical properties by alloying has never stopped. 
Beside the elements mentioned above, there are a number of elements which are 
advantageous for improving mechanical properties of TiAl alloys. A summary of other 
elements offering enhancement of mechanical properties of TiAl alloys is shown in 
Table 4.2. Effect of selected alloying elements on mechanical properties of TiAlThe 
basic principle of alloying is to optimise the mechanical properties, oxidation resistance, 
corrosion resistance and working temperatures of TiAl alloys without significant 
sacrifice of its advantages and rise in cost. For example, Ta can increase oxidation and 
creep resistance of -TiAl alloys, but its density is about 16.7g/cm3 and the price is 
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much higher than that of Ti, Nb and other alloy elements. Therefore, the addition of too 
much Ta is neither beneficial for weight saving nor economical.  
 
4.3 Mechanical properties  
4.3.1 Microstructure and Deformation  
The lamellar structure contains  phase and 2 phase lamellae. The orientation 







0> directions in 2 phase are all equivalent to each other, while the   
[1
_




1] directions in the  phase are not equivalent to 
each other due to the tetragonal L10 structure. Thus there are six different variants in the 
 phase with respect to the <112
_
0> direction in 2 phase [5, 64].  
 
It has been confirmed that the main deformation mode in -TiAl are slip and twinning 
which both occur on the planes. Because the L10 structure is similar to the 
face-centered cubic (fcc) structure, slip occurs in phase on the close packed  
plane. Because of the slight tetragonality and the ordered nature, there are two types of 
dislocations with 1/2<110> type Burgers vector on  planes. The ordinary 
dislocation is 1/2 <110], and the superdislocation is 1/2 <101]. These superdislocations 
consist of pairs of dislocations creating anti-phase boundaries (APB) in order to 
minimise the degree of disorder [8]. The possible slip plane and Burgers vectors are 
shown in Figure 4.6 [46]. The deformation mechanisms are different for single phase 
-TiAl and dual phase TiAl. At low temperatures, single phase alloys deform by 
movement of <101> superdislocations, while twinning and gliding of ordinary 1/2<110] 
dislocations are the dominant deformation modes in dual phase lamellar -TiAl alloys. 
At elevated temperatures in single phase alloys, the ordinary dislocations become 
glissile. These ordinary dislocations and twinning are the primary deformation modes. 
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Beside the active dislocations at low temperatures, some superdislocations also appear 
in dual phase alloys. At room temperature, the mobility of superdislocations is limited 
due to the covalent nature of the Ti-Ti and Ti-Al bonds. Therefore, the low ductility at 
room temperature in single phase -TiAl alloy can be explained [65]. 
 
4.3.2 Ductility and tensile properties 
The influence of microstructure 
As mentioned above, the ductility and tensile properties of two-phase -based alloys 
show rather complex microstructural dependence. As shown in Figure 4.8, the small 
strain range of a fully lamellar structure indicates that they have poor ductility at room 
temperature, due to a lack of slip and twinning activity, deformation anisotropy and 
relative large grain size [66]. Duplex structures often show better ductility and higher 
yield strength compared to fully lamellar structures because of small grain size, as well 
as yield point behavior [66].  
 
It also can be deduced from Figure 4.9 that the yield strength increases with decreasing 
grain size for the same type of microstructure. The same trend is also found in ductility 
both for duplex and fully lamellar TiAl alloys as shown in Figure 4.10. If the grain size 
is greater than 50 m, the elongation of lamellar alloys can be well predicted using an 
initiation toughness (KIC) model developed by Kim et al. [66]. The crack nucleation 
model is more applicable for alloys with small grain size. This effect of grain size on 
ductility is limited by microcracks caused by strain incompatibility of which size is 
comparable to the grain size [66]. 
 
For the lamellar structures, lamellar spacing (LS) is the other important parameter 
factor influencing tensile and ductility properties. After taking anisotropy into 
consideration, Kim [66] modified the Hall-Petch relationship for fully-lamellar 
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material as:  
𝜎𝑦 =  𝜎𝑜 + 𝑘𝐹𝐿𝑑
−1/2 
𝑘𝐹𝐿 = 𝛼𝑘𝑑(𝑘𝑑~1𝑀𝑃𝑎√𝑚) 
α = 𝑓(𝜏𝐻 ∗/𝜏𝑆  ∗) = 𝑓(λ, α2/γ) 
                                                            𝜎𝑜
𝑙 =  𝑓 (2λ, 𝐷)                       …4.1 
Where τH* and τS* are the resolved shear stress on the hard and soft orientation, 
respectively.  is a measure of the anisotropy of strength of the lamellar grains which is 
a function of lamellar spacing () and the 2/ volume ratio. The Hall-Petch constant 
(ky) value was corrected from ~2.5 MPa.m1/2 for ultrafine LS and to ~1 MPa.m1/2 for 
coarse LS. According to this function, it was reported that yield strength increase with 
decreasing grain size as well as LS. The yield strength is usually high for fine grains 
and fine LS, and the intrinsic strength (σo) increases with decreasing LS [66]. 
 
The mechanical properties of lamellar structures are quite sensitive to the lamellar 
orientation. Either ductility or tensile properties are strongly dependent on the angle () 
between the lamellar boundaries and loading axis. A schematic defining the 
relationship of angles ( and ) between lamellar boundaries and loading axis is given 
in Figure 4.10. It was reported that the tensile properties of polysynthetically twinned 
(PST) crystals are more dependent on the angle  than the angle . The macroscopic 
deformation of PST crystals in general is shown in Figure 4.11. When  = 90 ° or 0 °, 
shear deformation occurs in the  lamellae on the  planes intersecting with the 
lamellar boundaries, and thereby interacts with the lamellar boundaries and the 2 
lamellae (deformation in hard mode). The highest strength was found when = 90 °, at 
which the tensile ductility is nearly zero. The optimal balance between ductility and 
strength was obtained at = 0 °. Although the tensile strength is slightly weakened, the 
room-temperature ductility can be as large as 10% at = 0 °. When = 30 °- 60 °, 
shear deformation occurs parallel to the lamellar boundaries without any interaction 
with lamellar boundaries (deformation in the soft mode). Thus the yield stress is much 
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lower but the elongation is much higher compared to  = 0 ° or 90 ° [5].  
 
The influence of alloy composition 
Aluminum content is also reported to significantly affect the mechanical properties and 
fracture mode of TiAl alloys. The microstructure varies with the Al content and so does 
the resulting deformation mechanisms as shown in Figure 4.12. Among the alloys with 
Al content of 46-48 at.%, the Ti-48.22 at.% Al alloy, with an 2- lamellar structure 
showed the best tensile strength and fracture toughness, since the critical strength level 
for lamellar grain boundary cracking increases with increasing Al content with in this 
range.  
 
Impurities such as oxygen and carbon can also affect the ductility of -TiAl alloys. Kim 
et al. [46] did tests on a two-phase Ti-48Al alloy. It was found that the tensile 
elongation slightly increased by 0.6% when the oxygen level decreased from 0.08% to 
0.03%. It was also found that the addition of vanadium, chromium or manganese can 
reduce the grain size of gamma alloys. Grain size refinement appears to improve the 
ductility of two-phase gamma alloys [46].  
 
The influence of temperature 
The brittle-ductile transition (BDT) occurs in the range of 700 – 900 °C for -TiAl 
alloys. The ductility usually increases with increasing test temperatures. About the 
BDT temperature, ductility increases even more rapidly with temperature, approaching 
100% at 1,000 °C. Generally, increased RT ductility results in a lower BDT temperature. 
The variations of yield strength and tensile ductility with temperature are shown in 
Figure 4.13. Above the BDT temperature, there is a dramatic increase in tensile 




4.3.3 Fracture toughness 
Similar to ductility and tensile properties, the fracture toughness of -TiAl alloys is also 
dependent on microstructure. The fracture toughness for a fine-grained duplex structure 
is in the range of 10-16 MPa.m1/2, while fully-lamellar structures exhibit remarkable 
improvement in fracture toughness values (usually as high as approximately 
30MPa.m1/2). The RT fracture resistance behavior was studied by Kim et al. [54, 66], 
and the results were plotted as R – curves (or K-resistance curves) as shown in Figure 
4.14. It was specified that the R-resistance curves can be divided into crack initiation or 
initiation toughness (KIC) and resistance to crack growth. As shown in Figure 4.14, a 
duplex structure shows little plastic strain near the onset of crack extension and no 
resistance to crack propagation, whereas a fully-lamellar structure not only yields and 
has large plastic strains but also increased resistance as crack propagation [54]. 
Campbell et al [7] did further investigation with more different types of microstructure, 
and showed similar conclusions as the previous studies. The R-curves obtained by 
Campbell et al are presented in Figure 4.15. The higher fracture toughness of lamellar 
structures can be explained by the occurrence of uncracked ligaments, crack deflection 
and microcrack shielding [7, 54, 67]. For the same reasons, the negligible R-curve 
behaviour in duplex microstructures and low fracture toughness are as results of 
uncracked ligament bridges in the duplex microstructure.  
 
By comparing the microstructural details and mechanical properties of the -TiAl 
alloys used in the study carried out by Campbell [7] (shown in Table 4.3 (a) and (b)), it 
can be seen that the grain size can also influence the fracture toughness of -TiAl alloys. 
It was suggested that refinement of the lamellar microstructure, especially the colony 
size, leads to lower toughness. However, although the colony size of G7 coarse lamellar 
(D = 1-2 mm) is much greater than that of the finer MD (named in terms of material 
source) fully lamellar structure (D = 145 m), as seen in the figure, the fracture 
resistance of the finer MD lamellar (Kss ~ 32 MPa.m1/2, Kss is the maximum 
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crack-growth toughness) is only slightly lower than that of the G7 alloy (Kss ~32 – 
39MPa.m1/2). Even the XD nearly-lamellar structure which has a colony size as small 
as the MD fully lamellar material exhibits about 5% lower R-curve toughness [7]. The 
complex dependence of toughness on colony size was earlier explained by Kim et al. 
The steady-state toughness in various lamellar -TiAl alloys was found to increase with 
increasing colony size. However, when the colony size is comparable to or exceeds the 
crack tip plastic zone size (ry), only one or part of a colony can be encompassed in front 
of the crack tip. Therefore, the steady-state toughness is closely related to the intrinsic 
ductility of the lamellar structure, i.e. it is dominated by the lamellar spacing and 
lamellae orientation within a colony [7, 54]. 
 
The research carried out by Chan and Kim [54, 68] suggest that the fracture toughness 
values increase with -1/2, i.e. decrease with increasing lamellar spacing, in a similar 
manner to the Hall-Petch relation. However, Chan et al [69] also note that Ki 
(crack-initiation toughness) and Kss (maximum crack-growth toughness) are 
independent of when the lamellar spacing is sufficiently small, e.g. m. The 
effect of lamellar spacing was explained through experimental work by Chan and Kim 
as well. It was found that the lamellar spacing can influence the Ki/ KIC and Kss values 
by affecting translamellar microcracking and the size of the shear ligaments. A small 
lamellar spacing is not wide enough for the formation of translamellar microcracking, 
which means linkage of the main crack with interlamellar microcracks become difficult, 
thus a larger ligament size can be obtained, which results in a higher ligament 
toughening for the lamellar TiAl alloys. On the contrary, a large lamellar spacing 
enables more translamellar microcracks to form so that the linkage of the main crack 
with these microcracks becomes easier, leading to relatively smaller ligament size and 
so causes lower ligament toughening [69].  
 
The presence of equiaxed  grains also has a significant influence on toughness in 
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lamellar TiAl alloys, especially on the formation of bridging ligaments. Based on 
results obtained by Campbell et al [7], it was observed that an XD nearly lamellar 
structure showed about 50 percent lower R – curve toughness than a MD fully lamellar 
material,  even though they had nearly the same small colony size (see in Figure 4.16). 
The XD nearly lamellar structure has ~ 30% equiaxed  grains which was much greater 
compared to the other  alloys tested (less than 5%). The equiaxed  grains are 
associated with reduction of ligament bridging. In Figure 4.16, it can be seen that the 
equiaxed  grains degrades both the initiation and R-curve toughness. Since duplex and 
single-phase  microstructures have more than 90% equiaxed  grains, there is only 
little or even no R-curve behaviour in these microstructures due to a lack of the 
ligament bridging effect [7, 70].  
 
4.4 Fractographic characteristics 
Crack advance in duplex and lamellar microstructures shows different natures of 
fracture. Balsone et al. [71] did a comparison of the fractography between these 
microstructures in Ti-46.5Al-3Nb-2Cr-0.2W (at. %). They found that the crack advance 
in a duplex microstructure is predominantly by transgranular cleavage or 
microcleavage. Because of the fine grain size, the fracture surface in a duplex 
microstructure was relatively flat for all the K levels and temperatures analysed. At 
room temperature, the crack advance in a duplex microstructure was quite sensitive to 
the K level due to alloy’s brittleness, whereas less dependent on K level at 600 °C 
and above due to more plasticity involved. However, higher plasticity at elevated 
temperatures leads to increasing amount of intergranular fracture, especially at high 
stress levels.  
 
In a lamellar structure, there are three distinct types of fracture which are translamellar, 
interlamellar and intralamellar, among which translamellar and interlamellar are the 
two most common. Translamellar fracture is where a crack propagates through the 
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lamellae, while interlamellar fracture propagates along the lamellar interfaces leaving a 
flat cleavage. The schematic diagram of translamellar and interlamellar fractures are 
shown in Figure 4.17. Intralamellar fracture where a crack grows through a single 
lamella is rarely studied, as it is not a common fracture mode in lamellar -TiAl 
alloys[72]. The crack direction and mode in a lamellar microstructure depend on the 
orientation of colonies in front of the advancing crack. Generally, a tortuous fatigue 
crack path can be observed at room temperature and high stress levels. On the contrary, 
at elevated temperatures and low stress levels crack advance occurs primarily by 
translamellar fracture and is less dependent on the surrounding colony orientation. 
Relatively smooth fracture surfaces can be observed in typical isotropic materials [71]. 
Chan et al. defined three types of fracture features according to the relationship 
between crack advance and colony orientations which are crack divider, interface 
delamination and crack arrestor orientations, and their features are shown in Figure 
4.18 [68].  
 
4.5 Fatigue threshold and fatigue crack propagation in -TiAls 
4.5.1 High-cycle fatigue 
Dimiduk compared the high-cycle fatigue behaviour of -TiAl based alloys with nickel 
and titanium alloys (see in Figure 4.19) [73]. The fatigue resistance of -TiAl based 
alloys was beyond that of nickel and titanium alloys for a normalised ratio of the 
maximum stress over their ultimate tensile strength (UTS). This result indicates that the 
intrinsic fatigue capability or resistance to crack initiation via intrinsic processes of 
gamma based alloys is relatively high. However, the failure strengths of TiAl based 
alloys could be less superior to the other alloys, and they are evidently affected by the 
environment such as water-vapour or hydrogen.  
 
An early study on the fatigue behaviour of a lamellar alloy (Ti-36.5 Al wt.%) at 
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different temperatures was carried out by Sastry and Lipsitt [74]. As seen in Figure 4.20, 
the S-N curves are relatively flat compared to other Ti alloys no matter what the test 
temperature is. This indicates that a slight change in stress amplitude can result in a 
significant difference in the number of cycles to failure. The observation has been 
proved by lots of studies [75-77]. Sastry and Lipsitt also found a good retention of 
fatigue resistance in this alloy up to 600 °C as shown in Figure 4.21. The ratio of fatigue 
strength determined at 106 cycles over the UTS was plotted versus temperature. This 
ratio only drops slightly at 800 °C by about 0.25. The high-cycle fatigue behaviour of 
-TiAl alloys is also influenced by the microstructure. The same type of graph as in 
Figure 4.22 was plotted for several different type of microstructure. Most of the 
microstructures were achieved from K5 alloy which are classified as coarse lamellar, 
refined lamellar, and duplex. KD-CBS is an alloy modified from K5 using 
carbon-boron-silicon for grain refinement. The other two lamellar TiAl alloys which 
are 3-95 alloy (Ti-46Al-2Cr-2Nb-1Mo-0.2B) and 47XDTM were also considered. From 
Figure 4.22, it can be deduced that the S-N curve is strongly dependent on the 
microstructure, and the peak load of fatigue limit at 107 cycles is always higher than 75% 
of the UTS. This means that, even at low stress ratios, the maximum stress is higher 
than the initial yield stress of the material during fatigue loading. [78]. 
 
Influence of surface finish and defects on fatigue resistance  
A number of previous studies found surface finish and defects can affect the fatigue 
resistance of -TiAl alloys [2, 75, 79-81]. An early study carried out by Vaidya at el. as 
shown in Figure 4.23, suggests that a machined surface and a single deep scratch do not 
cause an obvious loss of fatigue strength compared with an electropolished surface [82]. 
However, Sharman et al. [75] found that different surface finishing result in variation of 
fatigue strength as shown in Figure 4.24. S-N curves for turned, ECM 
(electro-chemical machining) and EDT (electro-discharge texturing) specimens 
(EDT-L and EDT-H mean low operating energy and high operating energy respectively) 
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[75]. They measured the surface integrity data of specimens with four different surface 
finish conditions as shown in Table 4.4. After a comprehensive analysis on fatigue 
strength and surface integrity data, they came to the conclusion that the presence of 
cracks penetrating into the testpieces and tensile residual stresses results in a 
substantially reduced fatigue life of the EDT specimens. In addition, deeper cracks in 
combination with higher tensile residual stresses caused the lowest fatigue life of 
EDT-H. Moreover, a highly compressive residual stress is beneficial for 
counterbalancing the deleterious effect of surface crack or defects [75]. This 
observation is consistent with the results found by Bentley at el in their earlier studies 
[81]. Nazmy et al. [80] by studying different crack size (0.04 to 0.8 mm), found that 
when crack size is close to or smaller than the average size of the relevant 
microstructural unit, no crack propagation occurs and hence do not influence HCF life. 
In the studies by Trail [83], it was point out that the fatigue life can be improved with a 
ground and polished surface as a result of a combination of improved surface finish and 
reduced tensile residual stress.  
 
Although it has been proved by Trail and Paul [83] that the fatigue strength of notched 
specimens is reduced significantly by the introduction of a notch, the fatigue 
performance of these notched specimens was greater than which is predicted using the 
theoretical Kt (stress concentration factor) value. This is associated with a “notch 
strengthening effect” which increases with increasing Kt value. The “notch 
strengthening” can be explained by the influence of local plasticity and work hardening 
around the notch root [83].  
 
4.5.2 Fatigue crack growth resistance curve of -TiAl 
Due to limited ductility and toughness of -TiAl based alloys as well as other 
intermetallics, one obvious feature of fatigue crack resistance curves is that they are 
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extraordinary steep and there are not three distinct fatigue regimes as observed for 
ductile materials. The Paris law exponent (m) for -TiAl based alloys is about 9-22, 
which is much higher than for ductile materials [84]. Therefore, their 
crack-propagation lives are inevitably very short and strongly dependent on the applied 
stress-intensity range for all application temperatures, so that it is vitally important to 
characterise the fatigue crack initiation i.e. fatigue threshold of -TiAl based alloys in 
order to avoid crack growth in implemented components [53].  
 
Henaff et al. investigated the fatigue crack growth behaviour of a quaternary 
Ti-48Al-2Mn-2Nb gamma alloy in air and vacuum at room temperature [85]. Three 
types of notches were introduced with respect to the orientation as described in the 
Figure 4.18. The fatigue crack resistance curves of the specimen tested in air with a 
crack-arrester oriented notch is presented in Figure 4.25, and the results of the other two 
tests conducted in vacuum with notches in a crack divider orientation are shown in 
Figure 4.26. The fatigue crack resistance curves show discontinuous crack growth and 
dormant segments during several cycles. This is explained by the observation of 
discontinuous fatigue crack advance which resulted from a diffuse damage process 
encompassing a large region ahead of the crack tip and the crack wake. It was also 
noticed that the propagation rate was high once the crack initiated from the notch and 
there was no crack closure at the very beginning during the propagation.  
 
The low-cycle fatigue threshold and fatigue crack growth behaviour are influenced by a 
number of factors, such as microstructure, stress ratio, test temperature and 
environment. All of these aspects will be discussed in sections 4.6-4.9.  
 
4.6 Extrinsic and intrinsic fatigue resistance in -TiAls  
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4.6.1 Introduction  
Microstructure, temperature and environment have significant influence on the fatigue 
properties of -TiAl based alloys, and a number of mechanisms are responsible for 
these effects. The mechanisms have been classified into extrinsic and intrinsic 
mechanisms by Ritchie [4]. The intrinsic mechanisms determine the inherent resistance 
of a material against fatigue crack propagation, such as crack advance by cyclic 
blunting and reshapening in ductile materials and fatigue crack propagation 
predominated by a degradation of crack tip shielding. In intermetallic materials, 
intrinsic mechanisms (intrinsic damage mechanisms) usually involve processes which 
cause microcracks or voids, for example, by dislocation pile-ups between lamellar 
interfaces or colony boundaries, leading to interface debonding or intergranular 
cracking. Extrinsic mechanisms cause a local reduction in the crack driving force at the 
crack tip, such as unbroken ligaments induced bridging effect in lamellar -TiAl alloys. 
Extrinsic mechanisms (extrinsic shielding mechanisms) enhance the fatigue resistance 
by forming inelastic zones surrounding the crack wake or physical contact between the 
crack surfaces to degrade the crack propagation energy. A schematic diagram of 
intrinsic and extrinsic mechanisms is shown in Figure 4.27, and different types of 
extrinsic toughening are shown in Figure 4.28. The fatigue crack propagation is a result 
of competition between intrinsic damage mechanisms and extrinsic shielding 
mechanisms. 
 
4.6.2 Extrinsic toughening mechanisms in -TiAls – bridging mechanisms  
It is well accepted that the fracture toughness and fatigue resistance of lamellar TiAl 
alloys are enhanced from extrinsic toughening by intact ligaments in the crack wake [4, 
85-87]. A good example of ligament bridging effects in -TiAl alloys is the 
reinforcement with a small fraction of ductile Nb or TiNb. The extensive crack bridging 
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by the uncracked ductile phase delays the failure of the matrix alloy [88]. The lamellar 
structure itself can also provide bridging by unbroken lamellae. Chan et al summarised 
three means of forming crack-wake ligaments in lamellar TiAl alloys: (1) interface 
decohesion within a colony; (2) interface delamination in a neighbouring colony; and 
(3) cracking at colony boundaries. Fracture of the ligaments can be caused by shear, 
tension, or a combination of bending and shear [86]. The toughness of ligaments is 
influenced by the way they form. Yamaguchi et al. [89] measured the fracture 
toughness along the “crack delamination” “crack divider” and “crack arrestor” 
orientations in lamellar and PST crystals. The fracture toughness value obtained at 
crack delamination orientation which causes interlamellar fractures was 4 MPa.m1/2, 
while the other two orientations which cause translamellar fractures were 15MPa.m1/2 
(crack divider orientation) and 20 MPa.m1/2 (crack arrestor orientation). Hence, the 
ligaments formed by crack delamination orientation are much weaker than those 
formed via translamellar fracture.  
 
Pippan et al. [87] found if the crack extension was below 10 m (K≤3 MPa.m1/2) the 
microstructure did not have a significant influence on the toughening effect (R-curve 
effect) at the threshold. Although both duplex and lamellar microstructures both exhibit 
an R-curve behaviour for the threshold, the R-curve is much steeper for the fully 
lamellar microstructure for long cracks (shown in Figure 4.29 ). Both microstructures 
show a steep rising R-curve of the threshold at the beginning. The possible reasons for 
this are explained by several extrinsic toughening mechanisms, which are: (1) building 
up of plasticity induced crack closure; (2) roughness induced crack closure on the 
fracture facets and (3) formation of a cloud of nanocracks in the vicinity of the main 




4.6.3 Extrinsic toughening mechanisms in -TiAls – crack closure  
Because of highly planar slip, the fracture surface of titanium aluminides is 
crystallographically faceted and the crack path is tortuous, which results in crack 
closure during crack propagation under cyclic loading. Elber firstly observed crack 
closure which involves the premature contact and consequent wedging in the crack 
wake before complete unloading, and as such causes crack-tip shielding [27, 90]. The 
possible mechanisms of crack closure are schematically illustrated in Figure 4.30. In 
TiAl alloys, crack closure is believed to arise from (1) crack wedging by oxide-induced 
closure; (2) roughness-induced closure and (3) residual compressive stress developed 
during unloading of a plastically deformed material [91] .  
 
In the study of Mercer et al. [47], oxide-induced crack closure was proved and 
explained in a lamellar TiAl alloy. It was found that oxide-induced crack closure is 
more significant at 700 °C compared to 450 °C. On the fracture surface, a rougher 
translamellar facture mode observed at 700 °C suggested that higher levels of plastic 
deformation occurred during the cyclic loading compared to room temperature. Similar 
observations of oxide-induced crack closure have been also found in a duplex 
microstructure in their previous studies. Henaff et al. [85] also did an in-depth study on 
crack closure in a nearly fully lamellar TiAl alloy. They found crack closure affects 
fatigue crack propagation in air and in vacuum. Experimental procedure seems to have 
an effect on the closure evolution especially for crack initiation and precracking. 
Gloanec et al. found that there was no crack closure when the load ratio was above 
R=0.45 for the cast alloy (nearly fully lamellar microstructure) and above R=0.4 for a 
PM alloy (fine equiaxed  grains) [92]. Some investigations have attempted to avoid the 
influence of crack closure by testing at high R ratio or using specialised techniques[27]. 
 
In addition, Sadananda et al. [91] claim that the actual closure contribution is only 20% 
of Kcl value. They also analysed the crack closure in terms of dislocation theory. For 
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every dislocation that comes out of the crack tip to form a plastic zone which is the 
source of crack closure, there is a negative part of the loop which forms ledges at the 
crack tip to keep the crack open. Since the opening displacement from negative 
dislocations is always greater than closing displacements, plasticity at crack tip has no 
effect on the crack closure. It was also concluded from their experimental works that 
crack closure is not necessary to account for the load ratio dependence. Based on all the 
analysis above, Sadananda et al. argue that closure is either non-existent or negligible in 
terms of plasticity-induced closure.  
 
Roughness induced or asperity-induced crack closure are found in titanium alloys, 
steels with lamellar microstructures, nickel based superalloys, aluminum alloys and 
titanium aluminides with lamellar and duplex microstructures [93]. According to a 
simulation carried out by Garcia and Sehitoglu, the crack opening stress is a function of 
both the height of asperities and the density of asperities and is governed by a 
competition between crack opening displacement and surface profile [93]. 
Gnanamoorthy et al. [94] observed microscopically tortuous crack paths in both 
lamellar and duplex microstructures. Contacts and interlocks between crack surfaces 
were also observed for both microstructures which is believed to introduce crack 
closure during testing.  
 
4.6.4 Extrinsic toughening mechanisms in -TiAls – crack deflection 
Crack deflection generally occurs in TiAl based alloys [87, 94-96]. By examining 
furnace-cooled fully-lamellar specimens, Mine et al. reported that the specimens with a 
tortuous crack path including crack deflection, branching and/or bridging exhibit 
higher fatigue crack growth resistance compared to the specimens having a relatively 
straight crack path in the mode I crack growth direction [95]. It was observed when 
interlamellar cracking away from the mode I crack growth direction, it results in crack 
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deflection, branching and ligament bridging. Gloanec et al. also claimed that higher 
crack growth resistance of a cast lamellar TiAl alloy in the high growth rate regime is 
caused by extrinsic toughening mechanisms such as crack deflection, crack branching 
along lamellar interfaces, microcracking and crack bridging [92]. The crack branching 
or deflection usually occurs on grain boundaries and lamellar interfaces as shown in 
Figure 4.31. 
4.6.5 Extrinsic toughening mechanisms in -TiAls – small cracks  
As it is a common concern, small-crack behaviour of TiAl based alloys has been 
investigated by a number of researchers [39, 43, 53, 97, 98]. It has been shown in the 
previous studies [40, 53, 97] that a small crack can have a higher growth rate at the 
same K and lower fatigue threshold than those of large cracks. The size of a small 
crack is usually comparable with microstructural size scales, the extent of local 
inelasticity and the extent of crack-tip shielding, as shown in Figure 4.32. Due to their 
brittle nature, TiAl alloys have a low tolerance of flaws. Therefore, design must be 
based on the concept of threshold for TiAl based alloys.  
 
It is well documented that microstructure influences the small-crack effect in TiAl 
based alloys. Campbell and Kruzic compared the fatigue behaviour of small-crack and 
large-cracks in a Ti-47Al-2Nb-2Cr-0.3B (at.%) alloy for both lamellar and duplex 
microstructures [53, 97]. As shown by the results in Figure 4.33, for a given K value, 
growth rates are up to five orders of magnitude slower and the fatigue thresholds much 
higher in lamellar microstructure than those of duplex microstructure. At the same K 
level, the growth rates of the small cracks are faster than those of corresponding long 
crack for both microstructures and the data is far more scattered than for long-cracks. 
Moreover, small cracks in both microstructures also exhibited lower Kth values than 
long-crack thresholds. All the small-crack effects are less significant in the duplex 
microstructure. After correcting the K values of long-crack results from crack 
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bridging and crack closure, the large crack and small crack data agree with the duplex 
microstructure as shown in Figure 4.34. This indicates that the small-crack effect is 
primarily attributed to the role of crack-tip shielding principally from uncracked 
ligament bridging and crack closure in long cracks. This bridging and crack closure is 
significantly greater in lamellar microstructures than in duplex microstructures. 
Because the crack sizes are comparable to the scale of the coarser lamellar colony sizes 
(continuum limitation), the crack front of the elliptical flaw is only encompassed by a 
few colonies, the crack growth rates are easily affected by those colony orientations. 
Hence, the small-crack and long-crack data were less normalised even after correction 
in lamellar microstructures [39, 53, 97].  
 
In the study carried out by Chan and Shih [99], the long and small crack fatigue data 
obtained at 25 °C for fine-grained TiAl alloy (Ti-47Al-2Nb-2Cr-0.2B) was compared 
with the long crack data for two coarse-grained, fully lamellar TiAl alloys, 
Ti-48Al-2Nb-2Cr and Ti-47Al-2.6Nb-2(Cr+V), the results are shown in Figure 4.35. 
The small crack fatigue crack growth rate in the fine-grain fully-lamellar TiAl alloy 
was agreed with the extrapolation of the large crack data at equivalent K levels from 
the power-law regime to lower stress intensity ranges [99]. This is different from what 
was observed of small cracks in the coarse-grain lamellar alloys as mentioned above. It 
was also noted that individual small fatigue cracks exhibit difficulties to propagating 
across grain boundaries due to the incapacity to spread slip into adjacent grains. Hence, 
a small crack may arrest at grain boundaries leading to slower growth rates. When the 
small cracks arrested at grain boundaries, they prefer to nucleate in the other close-by 
colonies, and this process repeated itself until the critical size was reached and resulted 




4.6.6 Intrinsic mechanisms in -TiAls 
Unlike ceramics and conventional metallics, the TiAl alloys can be toughened both 
extrinsically and intrinsically, although the latter is far more difficult. Contrary to 
extrinsic mechanisms which suffer cyclic degradation, intrinsic mechanisms, such as 
the activation of additional slip systems, do not degrade under cyclic loading [39]. 
Intrinsic toughening mechanisms in TiAl alloys usually occur via crack renucleation 
across the metal phase. -TiNb is a useful reinforcement phase for intrinsically 
toughening -TiAl. As shown in Figure 4.36, the fatigue-crack growth resistance is 
achieved from intrinsic toughening by crack renucleation across the Nb layer, which 
increases the crack-initiation toughness and remains equally potent under cyclic 
loading [4, 100].  
 
A lamellar microstructure can generate intrinsic toughening by interlamellar 
microcracking at crack-arrest orientations. The unbroken lamellae themselves also play 
a role of bridging toughening as an extrinsic toughening mechanism.                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                                          
By comparing the measured near-tip strain field against that computed from the applied 
load, Chan et al. [27, 86] studied the intrinsic fracture resistance in lamellar TiAl alloys. 
They found the intrinsic fracture toughness of an interlamellar cracking is about 3 
MPa.m1/2 in single-colony thick specimens. There are one or more shielding 
mechanisms at the crack tip indicated by the near-tip strain distribution, which play 
important roles on intrinsic toughening such as reducing the crack driving force and 
increase the fracture resistance.  
 
4.7 Effects of temperature on fatigue threshold and fatigue crack 
propagation 
The influence of temperatures on fatigue crack growth in TiAl alloys is extremely 
controversial. The “anomalous temperature effect” was observed by Balsone et al. [71] 
by studying the influence of temperature on fatigue crack growth of a TiAl alloy for 
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both duplex and lamellar microstructures at room temperature, 600 °C and 800 °C. In 
both microstructural conditions, the fatigue crack growth resistance in the low K 
regime was found to be worst at 600 °C and best at 800 °C. This is explained as, below 
the DBTT, there is combination of some degree of environmental embrittlement at the 
crack tip and the inherent low ductility and toughness of this alloy. The properties at 
room temperature are intermediate [71].  
 
This observation was also found by Mckelvey et al. [70] in an XD-processed TiAl alloy 
at the same test temperatures with R ratio of 0.1 and 0.5. As shown in Figure 4.37, the 
lowest thresholds were found at 600 °C and highest at 800 °C at both R ratios. Although 
Larsen and co-workers reported that the fatigue threshold values generally increase 
with increasing temperature and the lower thresholds at 600 °C and 650 °C are caused 
by environmental embrittlement. Mckelvey argued that the fatigue threshold decreases 
with temperature in the absence of prominent environmental effects, while the 800 °C 
data are anomalous due to oxidation-induced crack closure at this high temperature. 
Moreover, according to the calculated transition time, the hypothesis of creep was 
supported at 800 °C which leads to crack-tip blunting and the subsequent reduction in 
the near-tip stress field, thus results in further enhancement of threshold at this 
temperature [101, 102].   
 
Mercer et al. [47] selected the other two other test temperatures (450 °C and 700 °C) as 
well as room temperature (25 °C) to investigate the effects of temperature on the fatigue 
crack growth behaviour of a cast lamellar Ti-48Al-2Cr-2Nb alloy. According to the 
results as presented in Figure 4.38, the lowest and highest fatigue threshold was found 
at 450 °C (~ 6.5 MPa.m1/2) and 700 °C (~10.0 MPa.m1/2) respectively. The fatigue 
threshold at 25 °C is comparable to that at 700 °C (~9.0 MPa.m1/2). The fatigue crack 
growth rates are significantly lower at 700 °C than at 450 and 25 °C. However, the Paris 
exponent value was also highest at 700 °C (m= 6.9), which is much higher than the 
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results obtained at 600 °C and 800 °C (~ m= 3.2-3.6) by Balsone et al.) [71] in a 
lamellar TiAl alloy (Ti-46.5Al-3Nb-2Cr-0.2W at.%. The reasons for these trends 
observed by Mercer et al. [47] are explained by differences in fracture modes and 
crack-tip deformation mechanisms under cyclic loading at different temperatures, and 
it is believed there is significant oxidation-induced crack closure at 700 °C. The author 
expounded the crack-tip deformation mechanisms as (1) Slip appears to be the 
predominant deformation mechanism at 25 °C; (2) Duplex mode of micro-twinning and 
conventional slip at 450 °C leads to high fatigue crack growth rates as the 
micro-twinning component is irreversible; (3) Although both micro-twinning and slip 
are active at 700 °C, slip may play a more dominant role in crack-tip plasticity.  
 
Contrary to all these authors above, Mabru et al. [103] reported that temperature has 
only a slight influence on the global fatigue crack growth resistance. As shown in 
Figure 4.39 (a) and (b), even after normalising the K values with Young’s modulus (E), 
the threshold values are similar for all temperatures, and the fatigue crack growth rates 
are also almost identical at the three temperatures, except for a slight reduction at 
750 °C above 10-8  m/cycle. It was noted that the intrinsic behaviour of 
Ti-48Al-2Mn-2Nb alloy is slightly improved with increasing temperature. However, 
this is denied by the author to have a relationship with fracture mode when crossing the 
DBTT since the fracture surfaces exhibited little difference. By comparing with other 
authors’ opinions, Mabru concluded that toughness improvement at high temperature 
induces a higher fatigue crack propagation resistance in the high crack growth rates 
regime. In addition, it was found that at 850 °C, the intrinsic behaviour of the alloy is 
very similar to the intrinsic resistance of conventional ductile alloys, the comparative 
results are shown in Figure 4.40. Therefore, the fatigue crack propagation mechanism is 
the same as for conventional ductile alloys [103].  
 
Even though results at elevated temperatures vary in different studies due to various 
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testing approaches and alloy composition, most of the authors mentioned the 
oxidation-induced crack closure at elevated temperatures. Mercer et al. [47] determined 
the compositional nature of the oxidation layer at 700 °C on the fracture surface using 
X-ray diffraction (XRD). The analysis shows that the oxide layer was predominantly 
alumina (Al2O3) and no rutile (TiO2) as detected on the fracture surface. However, 
Auger spectroscopy could detect low levels of TiO2 in the oxide. No discernible oxide 
layers were detected on the fracture surface of the specimens tested at 25 and 450 °C. 
Approximately 3 m of excess oxide thickness was comparable to the minimum 
crack-tip opening displacements in the near-threshold regime, which is sufficiently 
thick to promote oxide-induced crack closure in the near-threshold regime as well as 
possibly to reduce the crack growth rates at 700 °C. 
 
A unique investigation on the effect of temperature and orientation dependence of 
cyclic deformation, fatigue life and fracture behaviour in PST TiAl alloy was carried 
out by Umakoshi et al [104]. Two orientations of =0 and 45 ° were selected, where is 
the angle between the loading axis and the lamellar planes along a <11
_
0> zone in the  
phase. It was observed that the deformation mode in this PST TiAl alloy depended on 
the loading axis, type of domain and temperature. Moreover, fatigue strength 
monotonically decreased with increasing temperature at =45 °, while a high stress 
level can be maintained up to 400 °C. And then fatigue life drops rapidly above 600 °C 
at =0 ° [104]. 
 
4.8 Effect of stress ratio on fatigue threshold and fatigue crack 
propagation 
The influence of stress ratio on fatigue crack growth and thresholds in TiAl alloys has 
been studied by a few researchers. Mckelvey et al. [101] found that the Kth of a 
XD-processed alloy decreased with increasing load ratio at a given temperature as 
shown in Figure 4.42 . Similar results were obtained in a duplex TiAl alloy by Zhu et al. 
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[105]. Such behaviour has been seen in many metallic materials up to a critical R value, 
above which the effect of crack closure is assumed to be minimal [101]. As seen in 
Figure 4.43, in many brittle materials such as ceramics, the effect of stress ratio can be 
normalised by characterising fatigue-crack growth rates as a function of Kmax. On the 
contrary, in metals where the K term is dominant, normalisation of stress ratio is 
achieved in terms of K. however, in intermetallics, the stress ratio dependence cannot 
be scaled solely in terms of either K or Kmax [4]. A modified Paris law relationship can 
be used to estimate the dependence of crack growth rate, da/dN as a function of both 
K and Kmax, which is:  
                        da 𝑑𝑁⁄ = 𝐶
′(∆𝐾)𝑝(𝐾𝑚𝑎𝑥)
𝑛                      …4.3 
where C’ is a scaling constant (independent of Kmax and K) and p and n are 
experimentally determined crack growth exponents. Since Kmax=K/(1-R), m=p+n and 
C=C’ (1-R)n [101, 105]. As shown in Figure 4.43, in metal where p >> n, an intrinsic 
mechanism at crack advance is responsible for fatigue-crack growth, while in ceramics 
where p <<n, the crack-advance mechanism is identical to that under static loading so 
that Kmax dependent crack growth is normal. The intermetallics represented by TiAl 
alloy, appear to exhibit intermediate behaviour between ductile and brittle materials [4, 
101, 105]. The p and n values measured by Mckelvey et al. [101]are shown in Table 4.5. 
From the values of p and n, it can be concluded that (1) at room temperature, 
Kmax-controlled mechanisms are dominant as n > p; (2) at 800 °C,K-controlled 
mechanisms are dominant as n < p, while (3) at 600 °C, n ≈ p, the influence of Kmax and 
K are nearly equivalent .  
 
Zhu et al. characterised the influence of stress ratio on a lamellar TiAlNb alloy via 
observation of subtle differences between fracture surfaces generated at different stress 
ratios and stress intensity ranges. It was found in the low K regime at low stress ratios 
(R=0.1 and 0.3), translamellar crack growth is the dominant fracture mode, while in the 
intermediate K regime of R=0.3 and almost the whole stress intensity range of K at 
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R=0.5, colony-boundary cracking is predominant [105].  
 
Additionally, a study carried out by Mabru et al. investigated the influence of load ratio 
on fatigue crack closure in a fully-lamellar TiAl using a constant Kmax-increasing load 
ratio method [103]. In this method, the Kmax value was fixed and the crack was alowed 
to grow over at least 0.1 mm before increasing the Kmin value. The crack growth rates 
were then plotted as a function of the load ratio as presented in Figure 4.41. According 
to the equation 3.7 in section 3.5.1, the Keff is constant as long as the Kmin value is less 
than the Kop value whatever R ratio is, and the crack growth rates should also be 
identical as Keff is constant. Once the Kmin value exceeds the Kcl value, the crack 
growth rates should decrease with decreasing Keff. It was found when R=0.1, Kcl=3.9 
MPa.m1/2 which was nearly consistent with the estimated Kop value. When R ≥ 0.4, no 
crack closure can be detected [103]. Similar results were also obtained by Gloanec et 
al.. They found no crack closure at load ratios of 0.45 and 0.4 in cast TiAl alloy and 
PM alloy, respectively [92].  
 
4.9 Effect of environment on fatigue threshold and fatigue crack 
propagation 
An early study conducted by Liu [106] on moisture-induced environmental 
embrittlement in a duplex -TiAl alloy showed that the lowest ductility and highest 
room-temperature ductility were found in air and in oxygen respectively as shown in 
Table 4.6. It was proposed that aluminides appear to be prone to environmental 
embrittlement due to a reaction with moisture in air at ambient temperatures. However, 
Chan and Kim reported that the tensile properties of a nearly-lamellar -TiAl alloy are 
not affected by testing environment, i.e. in air or in vacuum, at room temperature [107]. 
Two reasons were suggested for the lack of clear environmental effect: (1) the 
environmental effect may be masked by other embrittlement mechanisms; (2) the effect 
of environment was too small to be detected [106]. On the other hand, Oh et al. [108] 
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found that the tensile ductility of PST crystals of TiAl is sensitive to test environment. It 
was higher in vacuum or in dry air than in air or in hydrogen gas at room temperature. 
The environmental embrittlement of this alloy was interpreted in terms of hydrogen 
embrittlement caused by a decohesion mechanism at lamellar interface and colony 
boundaries as in many intermetallics.  
 
In a study carried out by James and Bowen [85, 109], little environmental effect in 
nominal fatigue crack growth rates or fractography was observed in a 
Ti-48Al-2Mn-2Nb alloy, and the crack growth rate was even slightly higher in vacuum. 
However, all the fatigue-crack growth data were not corrected with crack closure. 
Henaff et al. compared the fatigue crack growth behaviour of a lamellar -TiAl alloy in 
air and vacuum after a closure correction. As shown in Figure 4.44, the crack growth 
rates in air are nearly more than two orders of magnitude higher than it in vacuum, and 
this difference seems independent on the lamellae orientation [85]. In a latter article 
also from Henaff, more mechanisms about environmentally-assisted fatigue crack 
propagation (EAFCP) have been analysed [110]. Petit et al. [111] proposed two main 
EAFCP mechanisms in conventional metallic alloys: 
 
1. Adsorption of water vapour can reduce the surface energy, therefore, enhance the 
crack growth.  
2. The crack-tip embrittlement caused by hydrogen atoms released from the absorbed 
water vapour in air and then intruded by the cyclical loading at the crack tip [110].  
 
As shown in Figure 4.45 (b), the fatigue-crack resistance curves obtained in 
intermediate atmospheres fall in a narrow band. The boundaries of this band are the 
marginal curves obtained in air and vacuum at RT and 500 °C (see in Figure 4.45 (a)). It 
can be deduced that the enhancement of fatigue crack growth is mainly controlled by 
the amount of water vapour and independent on the amount of oxygen in the test 
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atmosphere [110]. Therefore, the EAFCP machanisms in TiAl alloys is schematically 
exhibited as in Figure 4.46. 
 
Mabru et al.[112] found that the fracture surfaces showed little difference in a lamellar 
microstructure of samples tested in air and in vacuum at 750 oC. Therefore, it was 
believed that the environment did not affect the basic fracture mode significantly by 
just promoted fatigue damage accumulation at the crack tip. This is consistent with the 
fractographic observation of Rosenberger. However, the fracture surface roughness 
measurement conducted also for a lamellar microstructure shows a much rougher 
surface near KQ region in ultra high vacuum (UHV) than in laboratory air, that suggests 
changes in the fracture mode [112, 113].  
 
4.10 Creep resistance in -TiAl alloys 
4.10.1 Creep resistance 
The creep resistance in two-phase TiAls is mainly dependent on the microstructure and 
aluminum content. A coarse-grain fully lamellar microstructure exhibits better creep 
resistance than a fine-grained duplex microstructure. Duplex microstructures show 
higher creep-rupture strength up to 650 °C, above which lamellar microstructures 
become superior to duplex microstructure for rupture strength [8, 114]. Two-phase TiAl 
alloys with serrated grain boundaries are effective for delaying propagation of creep 
deformation. This is because the serrated grain boundaries can reduce the stress 
concentration at triple points and extend the intergranular crack path compared with 
straight grain boundaries [55].  
 
Significant microstructural changes in lamellar TiAl alloys during creep have been 
observed in a few studies, that result in a serious degradation of mechanical 
properties[115, 116]. By using TEM, Appel et al. [115] found the structural changes 
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start with the formation of multiple-height ledges perpendicular to the interfacial plane. 
These interfacial ledges are often associated with misfit dislocations having a Burgers 
vector component perpendicular to the interfacial plane. In order to achieve a phase 
equilibrium, which was unbalanced by a difference in the density of ledges between 
2/ and / interfaces, climb of those dislocations and propagation of the ledges leads 
to a lateral migration of the interfaces. This process finally results in the formation of 
new  grains and a complex conversion of lamellar morphology to a fine shperoidised 
microstructure. This interface related process might be the explanation why the 
recrystallisation is relatively easy in this ordered structures [115].  
 
The other characteristic feature of the microstructure of crept TiAl alloys is the 
presence of precipitates (as shown in Figure 4.47). Most of the precipitates are located 
at isolated dislocations, the mismatched structures of subgrain boundaries and lamellar 
interfaces. According to the well-established knowledge of TiAl alloys that 2 phase 
has much higher solubility limit for oxygen, carbon and nitrogen than  phase, the 
precipitates might be as a consequence of the 2→phase transformation [115]. 
 
4.10.2 Interaction between creep and fatigue on crack growth  
Several authors have discussed issues related to creep-fatigue interactions during crack 
growth in -TiAl alloys [105, 110, 117, 118]. Mall et al. found that crack growth in a 
Ti3Al alloy at elevated temperature can be cycle dependent, time dependent or a 
combination of these two [117]. At elevated temperatures, the yield strength can be 
decreased which leads to increased plasticity and thereby reduces the crack growth 
rates. If the applied stress intensity factor is above the crack growth threshold stress 
intensity, creep resulted in crack tip blunting which could retard crack growth [117]. 
Nichols et al. [117, 119] found in Inconel 718 that the creep crack growth rate following 
a fatigue cycle is dependent on the amplitude and frequency of the fatigue cycles. If the 
80 
 
creep growth is ahead of a fatigue cycle, the fatigue crack growth rate is usually 
reduced because no “steady state” condition before the fatigue cycle achieved. The 
creep-fatigue crack growth (CFCG) behaviour can be described by an equation 







)𝐹𝐶𝐺 + (𝑇 − 𝑇𝑐) × (
𝑑𝑎
𝑑𝑁
)𝑇𝐷𝐶𝐺                     … 4.4 
for T > Tc 
where (𝑑𝑎
𝑑𝑁
)𝐹𝐶𝐺  and (
𝑑𝑎
𝑑𝑁
)𝑇𝐷𝐶𝐺  represent the fatigue crack growth (FCG) and the 
time-dependent crack growth (TDCG) rate, respectively. And T is the load period and 
Tc critical value of the period above which the CFCG rates are proportional to the 
period T [110]. After identifying the T and Tc values by plotting the CFCG rates as a 
function of the loading period for selected Kmax values, the TDCG and creep-crack 
growth (CCG) rates can be calculated by equation 4.4, to determine a crack-growth 
model and how the models affect the crack-growth behaviour under a creep-fatigue 
interaction situation.  
 
Zhu et al. reported that the high-temperature fatigue crack growth rates in the higher 
crack growth rate regime is different from it at room temperature due to 













Table 4.1. Properties of Titanium alloys, Titanium Aluminides and Supperalloys [52] 
 
Property Ti-based Ti3Al-based TiAl-base Superalloys 
Structure Hcp/bcc D019 L10 Fcc/L12 
Density (g/cm3) 4.5 4.1-4.7 3.7-3.9 7.9-8.5 
Modulus (GPa) 95-115 110-145 160-180 206 
Yield Strength (MPa) 380-1,150 700-900 350-600 800-1,200 
Tensile Strength (MPa) 480-1,200 800-1,140 440-700 1,250-1,450 
Room-Temp. Ductility (%/°C) 10-25 2-10 1-4 3-25 
High-Temp. Ductility (%/°C) 12-50 10-20/660 10-600/870 20-80/870 
Room-Temp. Fracture 
Toughness (MPa√𝑚) 
12-50 13-30 12-35 30-100 
Creep Limit (°C) 600 750 750-950 800-1,090 









Table 4.3. (a) microstructure and (b) mechanical properties of -TiAl alloys obtained 
at room temperature [7] 
(a) Microstructure of -TiAl alloys 
 
 













Table 4.4. Surface integrity data for the fatigue specimens made from a grain-refined 





Table 4.5. Modified Paris-Law parameters revealing dependencies of a XD TiAl alloy 






Table 4.6. Effect of test environment on tensile properties of Ti-47.5Al 


















Figure 4.3. Schematic of microstructure categories in gamma TiAl-based alloys 
 
 




Figure 4.5. Tensile properties vs. test temperature in -based TiAl alloys with duplex 









Figure 4.7. Potential slip and twinning systems of the L10 structure showing 
three-layer sequence of atomic stacking on the  planes distinguished by small, 






] are the burgers 




Figure 4.8. Tensile properties of two typical microstructures of TiAl alloys (duplex 




Figure 4.9. Strain-to-failure values vs. grain size for duplex and fully-lamellar 





Figure 4.10. The relationship of loading axis orientation and lamellar boundary 
orientation in PST crystals. Since  lamellar consists of domains of six orientation 
variants, a loading axis orientation given by a set of  and  is equivalent to that 








Figure 4.12. Diagram of fracture modes of binary TiAl alloys varying with content of 
Al at room temperature [121] 
 
 
Figure 4.13. Change of yield strength and tensile elongation of gamma alloys against 




Figure 4.14. Fracture behaviour of alloy Ti-47Al-1Cr-1V-2.5Nb (at.%) at RT in 
duplex and fully-lamellar structures: (a) R-resistance curves and (b) effective strains 
vs. radial distance r [54].  
 
 
Figure 4.15. R- curves for MD fully lamellar, P/M lamellar, and XD nearly lamellar 
microstructures, compared to the fracture toughenss behaviour of G7 coarse lamellar, 




Figure 4.16. Crack initial toughness (Ki) and resistance toughness (Kss) vs. volume 
fraction of equiaxed  grains for several microstructures: MD fully lamellar, XD 




Figure 4.17. The schematic diagram of translamellar fracture and interlamellar 




Figure 4.18. The three type of fractographic features observed in a lamellar 





Figure 4.19. The comparison of high-cycle fatigue behaviour of nickel, titanium and 
-TiAl alloys at 600 oC. The maximum cyclic stress is normalised by ultimate tensile 
strength to show alloys’ intrinsic fatigue capability [73] 
 
 





Figure 4.21. Influence of temperature on the high-cycle fatigue resistance of a 
lamellar TiAl alloy (Ti-36.5Al wt.%) [74] 
 
 
Figure 4.22. Influence of microstructure on fatigue resistance at room temperature. 
K5-RFL is refined fully lamellar structure, K5-lamellar is coarse lamellar structure, 
K5-duplex is duplex structure and KD-CBS is a carbon-boron-silicon modified K5 
alloy. The compositions of 47XD and alloy 3-95 are Ti-48Al-2Nb-2Mn-0.2W and 








Figure 4.24. S-N curves for turned, ECM (electro-chemical machining) and EDT 
(electro-discharge texturing) specimens (EDT-L and EDT-H mean low operating 





Figure 4.25. Fatigue crack resistance curve by plotting the fatigue crack growth rates 
as a function of K and Keff in air at RT for the crack-arrester orientation [85] 
 
 
Figure 4.26. Fatigue crack resistance curves by plotting fatigue crack growth rates as 












Figure 4.29. Stress intensity range vs. crack extension where the crack stops the 
propagation for both microstructures: (a) fine-grained near  (FG) and (b) designed 
fully lamellar (DFL) microstructure. The specimens were machined from loading axis 









Figure 4.31. An example crack extension concurrent with crack deflection and 
branching in a furnace-cooled lamellar TiAl alloy (Ti-4822). The crack growth 








Figure 4.33. Fatigue crack-growth rates for through-thickness long cracks (a>5 mm) 





Figure 4.34. Comparison of the crack-growth rates of small surface cracks and 
through-thickness long cracks in (a) duplex and (b) lamellar microstructures. The 
long-crack data K were corrected for both crack bridging (Kbr) and crack closure 




Figure 4.35. Summary of fatigue crack growth data of large and small cracks in 
fine-grained, fully lamellar Ti-47Al-2Nb-2Cr-0.2B and comparison with large crack 





Figure 4.36. Intrinsic toughening via crack renucleation across the Nb layer [4] 
 
 
Figure 4.37. Fatigue crack resistance curves obtained at 25 °C, 600 °C and 800 °C at 




Figure 4.38. Fatigue crack resistance curves of Ti-48Al-2Cr-2Nb alloy tested at 25 °C, 
450 °C and 700 °C [47] 
 
 
      
        (a)                                        (b) 
Figure 4.39. Fatigue crack growth rates in air vs. (a) K and (b) K/E as a function of 




Figure 4.40. The comparison of intrinsic crack growth resistance of 









Figure 4.42. Effect of load ratio on the fatigue-crack growth rates, da/dN, at (a) 




Figure 4.43. Schematic illustration of the intrinsic and extrinsic mechanisms involved 
in cyclic fatigue-crack growth in (a) metals and (b) ceramics, showing the relative 
dependencies of growth rates, da/dN, on the alternating, K, and maximum, Kmax, 
stress intensities [4]. 
 
 
Figure 4.44. Comparison of effective stress intensity range in air and vacuum for a 




Figure 4.45. Influence of environment on fatigue crack growth in the 




Figure 4.46. Schematic diagram showing mechanisms of environmentally-assisted 




Figure 4.47. Heterogeneous nucleation of precipitates in a sample (Ti-48Al-2Cr) crept 
at 700 °C, a=110 MPa, t=13,400 h to strain =0.46% [115] 
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5. Experimental Work 
5.1 Material and specimen 
The materials were supplied by Rolls-Royce Plc. (RR) in different batches. The 
material was manufactured by different companies: GfE (GfE Metalle & Materialien 
GmbH), IMR (Institute of Metal Research, China) and TIMET (Titanium Metal 
corporation) and machined down to fatigue test pieces by GTG company.  
 
The nominal composition of material used in this study is Ti-45Al-2Mn-2Nb-1B at. % 
(Ti-4522XD). The material was obtained by centrifugal casting, hipped at 
1260 °C/150MPa/4h and aged at 1000 °C/8h. XDTM process was applied to form 
borides. The resulting microstructure is a near fully lamellar microstructure with small 
amount of equiaxed grains among colony boundaries (Figure 5.1). The lamellar 
colony consists of lath (dark phase) and 2 lath (light phase). Needlelike TiB2 
particles homogeneously distributed in the order of 5-10 m in length.  
 
5.2 Fatigue tests  
5.2.1 Specimens for fatigue and fracture toughness tests 
The corner-crack (CC) specimens used for fatigue test were machined according to the 
Rolls-Royce drawing-RLH5325 or drawing modified based on it. The two kinds of 
geometries used for corner-crack specimens are shown in Figure 5.2 and Figure 5.3. 
The major differences between these two geometries are the total length of specimen 
and the diameter of threads. All of the cross sections containing notches are 5×5 mm2 
to make sure that the value of C in Equation 3.4 is consistent for all calculations. The 
notches were introduced by using electrical discharge machine (EDM) in the middle of 
gauge length on one corner. The notch width is about 30 m for all corner-crack test 
pieces. The depth of notch varied from 0.1 mm to 0.7 mm according to testing purposes. 
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Most notches were about 0.5 mm in depth.   
 
Four cylindrical gauge specimens were tested for the purposes of investigating 
naturally initiated crack and establishment of testing methodology. The geometry and 
dimension of cylindrical specimens is shown in Figure 5.4. All of the specimens 
mentioned above were machined from raw material blanks by EDM, ground to produce 
uniform surface condition.  
 
5.2.2 Test condition and method of fatigue tests on CC specimens 
Fatigue crack threshold stress intensity factor (Kth) and crack growth resistance tests 
were designed and carried out based on Rolls-Royce standard test procedure document 
(MMM31002) and British Standard BS 6835-1:1998. Servo-hydraulic machines (ESH 
and Phoenix) were used for HCF tests with a sinusoidal loading waveform of 10 Hz 
(specimens from GfE batch 1 were tested with an frequency of 12 Hz). In order to 
evaluate Kth and fatigue crack growth rate (FCPR) at multiple conditions, tests were 
performed at different temperatures (room temperature, 400 °C, 650 °C, 700 °C and 
750 °C) and stress ratios (0.1, 0.5 and 0.8). The test conditions were chosen from 
combination of every temperature and stress ratio. A summary of test conditions and 
material sources are given in Table 5.1. During testing, crack length was monitored by 
Direct Current Potential Difference (DCPD) technique. In this approach, a stabilised 
DC was applied through specimen by two attached leads. Two PD wires were spot 
welded on either side of the notch as close as possible to edge of corner and notch 
(shown in Figure 5.5). Based on the function V=IR, for a constant current, the voltage 
increases with resistance of conductor. The reduction in cross section due to crack 
growth leads to the increase of resistance. As the resistance increasing, the output PD 
also increases. The output of potential difference was recorded by a chart recorder as a 
function of time. The recoded voltage was converted to crack length by calibrated 
in-house function according to specimen geometry. The whole set-up of facilities and 
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circuits are shown in Figure 5.6. The relationship among potential drop, specimen 










)2 + 0.109103 (
𝑉
𝑉0
) − 0.008636         … 5.1 
where V is the potential drop across a specimen with crack length a and V0 is the 
reference potential drop for a specified value of a. W is the thickness of specimen. After 
testing, the crack length is calibrated with the actual crack length by a liner relationship 







                                           … 5.2 
𝑎𝑐𝑜𝑟𝑟𝑒𝑐𝑡𝑒𝑑 = 𝑎 +
𝑎 − 𝑎0
(𝑎𝑓 − 𝑎0) × (𝑎𝑓
′ − 𝑎𝑓)
                       … 5.3 
where af is the calculated final crack length, a0 and af’ are the measured initial crack 
length and final crack length, respectively.  
 
5.2.3 Pre-crack procedure 
As earlier single-edged notch bending (SENB) tests [124] show that pre-cracking does 
not have an influence on fatigue threshold of Ti-4522XD alloy, and in order not to 
introduce loading history, all specimens for fatigue threshold and FCPR tests were 
tested without being pre-cracked for the tests at R=0.1 and 0.5. However, at R=0.8, 
specimens were pre-cracked to provide sharp crack front in order to promote the 
initiation of crack. Because of geometry restriction and limited crack width, fatigue 
pre-crack by compression-compression loading method, which had been reported 
successfully work on SENB specimens, is not applicable on the CC specimens. 
Therefore, specimens were fatigue pre-crack in tension-tension at temperatures of room 
temperature (RT), 400 °C and 650 °C with R ratios of 0.1. Limited number of 
pre-cracks was introduced with an R ratio of 0.5 for a limited number of tests. An 
increasing load method was applied for pre-cracking. The peak load was started 
approximately 10% lower than the experimental fatigue threshold of this alloy, and then 
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increased by 0.2kN every step until crack growing continuously, but controlled below 
the level for the average Kth value of tests at R=0.8. The crack was allowed to grow 
by about 450 m (~150 V) before stopping it. Several specimens were also 
pre-cracked for tests at R=0.1 and 0.5 in order to study whether pre-crack has influence 
on the fatigue threshold of corner-crack specimens. The method of introducing a 
pre-crack was as same as at R=0.8 except the fatigue condition which is at RT or 400 °C 
with R=0.1. The pre-crack length was around 100 m (~30 V) that is just long enough 
to provide a sharp crack front while not introduce too much loading history.  
 
5.2.4 Loading procedure for tests on CC specimens 
According to previous studies [2], a decreasing load procedure can result in higher 
threshold values due to crack wake associated crack closure effect or loading history 
related shielding. Hence, the fatigue threshold and crack propagation tests were also 
conducted by load increasing method. The tests were started under a load range 
corresponding to a K value that is lower than experimental Kth of this alloy. There 
are different notch depth, the starting loads varies to provide similar starting K value 
for the same test condition. The starting K values under different test conditions are 
given in Table 5.3. The specimen was then cyclically loaded at this load range long 
enough (about 2 hours) to see if there was any crack growth. If there was no continuous 
crack growth, the peak load then increased by 0.2 kN to gain a higher K level. This 
procedure was repeated until the crack grew (PD increases) continuously and steadily. 
The load then was kept constant at this level, and the crack growth rate was monitored 
by the chart recorder at same time. When the crack growth rate became rapid or 
unstable, such as the crack growth rate greater than about 5 × 10-4 mm/cycle, the 
cycling were stopped. RT or two-condition tests require heat-tint before open the 




The purpose to do heat-tint is for making a mark of the final crack position. The heat 
tint procedures were verified according to different testing conditions. For tests 
conducted at stress ratios of 0.1 and 0.5, there was no requirement of pre-cracking. 
Hence, when the testing temperature is 650 °C or above, the crack can just be held at 
this temperature for 30 minutes and then air cool to room temperature to make a mark. 
Samples tested at room temperature and 400 °C were heated up to 500 °C in order to 
produce a clear brown colour as shown in Figure 5.7 (a). In an attempt to differentiate a 
pre-crack region and test region, heat-tint was applied at a temperature about 100 °C 
higher than the testing temperature after the test as seen in Figure 5.7(b).  
 
5.2.6 Results processing 
The actual initial and final crack lengths were obtained from the fracture surface by 
using Axiovision software to measure the images taken from an optical microscope. 
The crack length was measured from the notch tip to the final boundary along 7 angles 
as shown in Figure 5.8. The crack length was the average value of 7 lengths.  
 
The crack growth rate was calculated by the corrected crack length versus 
corresponding number of cycles to grow this length. A five point secant method (shown 
in Table 5.2) was applied to smooth the da/dN curves. The stress intensity factor range 
was determined according to the solution developed by Pickard [125]. 
 
5.2.7 Interrupted tests 
In order to relate the fracture surface features with microstructural units, three 
interrupted tests were conducted at a same stress ratio of 0.1 and at RT, 400 °C  and 
650 °C  respectively. The testing procedure was exactly the same as fatigue threshold 
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testing and no pre-cracks were introduced. After noticing unstable crack growth, i.e. 
when the PD can increase at least about 10 V/min, the tests were terminated without 
breaking the specimens. After the tests, the unbroken specimens were taken out 
carefully from the test machine followed by sectioning. A segment containing the crack 
was cut off from the whole specimen, and then sectioned along a line about 1 mm away 
and parallel to the diagonal of the cross-section. The method of sectioning is shown in 
the Figure 5.9. Subsequently, the thicker half was mounted in conductive Bakelite and 
polished to the near diagonal position. 
 
5.2.8 Fatigue test on smooth specimen 
Four cylindrical specimens and one square cross-section specimen (same geometry as 
shown in Figure 5.3) were tested without artificial defects or notches. The tests were 
performed in tension-tension at a stress ratio of 0.1 in air using an electro-mechanical 
fatigue machine with a load cell of 20 kN. Two of the four cylindrical specimens were 
tested at room temperature and the other two, in addition to one square cross-sectional 
specimen were tested at 650 °C. The edges of the square cross-section specimen were 
ground to be blunt in order to reduce the stress concentration around the sharp edges.  
 
All teste were started with a peak stress far below its yield stress and left for more than 
107 cycles at each stress level. If the specimen didn’t fail at the stress, higher stresses 
would be applied until the final failure occurred.  
 
5.3 Fracture toughness tests on corner-crack specimen 
5.3.1 Pre-crack 
Four CC samples (notch depth of 0.7 mm) were fatigue pre-cracked at R=0.1 and at 
400 °C in tension-tension using a 10 Hz sine waveform load in air. The size of 
pre-cracks were calculated and monitored by DC difference, for the purposes of 
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ensuring the final peak stress was below the yield stress. The pre-cracks were 
introduced by using increase loading procedure. Unlike other pre-cracking, the Kmax 
value was controlled 50% lower than the estimated fracture toughness values of this 
alloy. Since the Kmax value increased with the increasing crack growth, the maximum 
load was reduced by 0.4 kN when the Kmax was close to the limitation until the target 
crack length achieved. After pre-cracking, the specimen was heat tinted at 500 °C to 
mark the crack length which was regarded as the final crack length used for the 
calculation of fracture toughness (KC) values. 
 
5.3.2 Fracture toughness test 
The pre-cracked specimens were tested in tension using a servo hydraulic machine 
(Phoenix) in air at RT, 400 °C, 650 °C and 750 °C. The cross-head speed of 0.16 
mm/min and 0.05mm/min were applied for the room-temperature test and the other 
tests at elevated temperatures, respectively. A slower ramping rate at elevated 
temperatures was designed to see if there was any environmental influence. Load and 
displacement data were collected by Labview software during the tests. At the same 
time, the crack could propagate a little bit, thus the growth of crack was monitored by 
PD using a chart recorder. At the moment of final failure, the computer could catch the 
maximum load automatically and that load was noted down to determine the KIC value.  
 
Some fracture toughness values were also generated from specimens which have been 
used for fatigue crack threshold and growth tests under different conditions. The 
pre-existing fatigue cracks were regarded as pre-cracks for these fracture toughness 







5.4 Microstructural analysis 
5.4.1Sample preparation  
Specimens from different batches were sectioned at different positions to observe the 
microstructure as shown in Figure 5.10. The cut-off parts were mounted in conductive 
bakelite and then ground and polished according to Struer’s instruction for titanium and 
titanium alloys. The samples were examined by optical microscope and SEMs (JEOL 
6060 and JEOL 7000). Since the samples were polished by active solution (oxide 
polishing suspension solution with Nitric acid), a light etching effect had been added to 
the polished surface. Hence, there is no need of etching for optical observations. 
 
5.4.2 Colony size measurement 
Firstly, five SEM images with a magnification of ×200 were taken from each SEM 
sample. The locations of these images were randomly selected over the whole the 
surface of SEM samples. The colony size was obtained by following steps: (1) outline 
every complete colony in a SEM image with a calibrated scale in the AxioVision 
software; (2) after outlining all of the colonies, the software can produce a list of area 
(A) for each colony; (3) regarding the colonies as a circular shape, and using 
Equation5.1 to calculate the diameter (d) which is defined as the colony size of this 
alloy. 
 A = π(𝑑
2
)2 ⟹ 𝑑 = √
4𝐴2
𝜋
                                                   … 5.1  
Both individual colony size and average colony size were calculated. 
 
5.4.3 Measurement of other microstructural parameters 
The volume fraction of borides was measured by Image J. Since TiB2 is the lightest 
phase on SEM images, by adjusting the image contrast, borides can be differentiated 
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from other phases. Then its area can be worked out by the software. Therefore, the 
volume fraction of borides was calculated based on 2-dimentional area fraction.  
 
The volume fraction of equaixed  grains was also obtained by outlining the total  
grains on images using AxioVision, which was based on area fraction as well. 
 
5.5 Fractographic analysis  
After testing, the fracture surfaces were firstly examined and photos were taken by an 
optical microscope. The fracture surfaces were also observed using SEMs (JEOL 6060, 
JEOL 7000 and Hitachi S4000). Mostly, the accelerating voltage was 20 kN. The 
images mainly focus on the fatigue crack initiation areas i.e. along the notch front and 
axial directions of fatigue crack growth.  
 
5.6 Fracture surface roughness assessment  
The fracture surface roughness obtained from different testing conditions was 
measured by a Confocal laser microscope. The positions were selected corresponding 
to the stress intensity factor values. Some measurements were carried out on an area 
around 0.3mm × 0.4 mm started from the middle of the notch front. The schematic 
diagram showing the measured areas are presented in Figure 5.11. Line roughness and 
area roughness was also measured on specimens tested at different conditions for areas 
approximately under a same K value. Ra value was chosen and measured for 
evaluation of fracture surface roughness, where Ra is defined as the mean roughness 









Table 5.1. Summary of test condition and specimen batches for tests. All of specimens 
were tested with a frequency of 10 Hz, except those were from GfE batch 1 which 







Table 5.2. The five point secant method for smoothing the da/dN curves 
 
 
Table 5.3. Starting K values at different test conditions for fatigue threshold and crack 
growth tests on CC specimens 
R ratio Test Temperature (oC) 



























Figure 5.2. Geometry of corner-crack specimen used for fatigue threshold and crack 



















Figure 5.6. All facilities and circuits for fatigue testing as well as monitoring and 



























Figure 5.10. Schematic diagram showing the section positions in specimens after tests 




Figure 5.11. Fracture surface roughness measurement in an area behind the notch 





Although material came from different sources, the microstructure did not show a 
significant difference among the batches. The general microstructure of the different 
batches is near fully lamellar (shown in Figure 6.1). The lamellar colonies were 
randomly oriented throughout the images. The average colony size range was about 
78m and in the range of approximately 40-130 m. The average volume fraction of 
borides is about 0.8-1%. In general, a small amount of equiaxed  grains about 11.3% 
(volume fraction) were found either among colony boundaries or dispersed within 
lamellar colonies. The grain size of the equaixed  grains is about 5-10m. However, 
clusters of equiaxed  grains were also observed and one example is given in the Figure 
6.2. Since the appearance of equiaxed  grain clusters are not anticipated, no 
sectioning though the raw blanks was carried out to investigate the distribution and 
batch difference of equiaxed  grain clusters, which could be of interesting for the 
future work. 
 
EDS analysis confirmed that the needle like borides particles are titanium borides and 
the volume fraction was around 1.9%. The average colony size was about 80 m, but 
some large lamellar colonies were found as well. The distribution of colony size is 
shown in the Figure 6.3. 
 
6.2 Fracture toughness tests 
6.2.1 Fracture toughness at different temperatures 
All of the fracture toughness tests were carried out without a clip gauge to measure the 
crack opening displacement during tests. Therefore, fracture toughness values were 
simply determined using the pre-crack length and the maximum load when the 
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specimens failed. A summary of the test results is shown in Table 6.1. The overall 
variation of fracture toughness values (KC) is not significant at different temperatures. 
The highest average KIC value was obtained at 400 °C around 20.3MPa.m1/2. The KC 
values at the other test temperatures show little variation (the maximum difference is 
~0.4 MPa.m1/2). The difference between the highest KC value (20.3 MPa.m1/2) and the 
lowest KC value (17.8 MPa.m1/2) is only about 2.5 MPa.m1/2. To show comparison of 
KC values among different temperatures visually, KC values were plotted in terms of 
temperature as presented in Figure 6.5. In Figure 6.4, the load was plotted against the 
relative change of stroke. Since the change of the stroke was associated with the entire 
set of fixtures and specimen, it cannot be used as a specimen displacement or any 
calculation for the strain. 
 
6.2.2 Fractography  
The fracture surfaces of specimens used for fracture toughness tests at RT and elevated 
temperatures are shown in Figure 6.6. In all cases the fracture surfaces exhibit a brittle 
failure mechanism mainly via translamellar and interlamellar fractures. The fracture 
surfaces are all rough, and there are no significant distinctions among these fracture 
surfaces. This observation is constant with their similar KC values.  
 
6.3 Fatigue crack threshold results of Ti-4522XD alloy 
6.3.1 Effect of test temperature on Kth values 
In the tests carried out at RT, the PD could increase initially for a short period after a 
higher load range was applied indicating that there was a small amount of crack growth. 
The increment of PD was usually about 3-5 V (which equals to less than 0.018 mm in 
crack length), and there was no further crack growth even after leaving the specimen at 
that load for more than 12 hours. The crack could not start to grow again unless a higher 
load was applied. This procedure was repeated several times until a load range was 
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applied that enables continuous crack growth. Therefore, the K value at which the 
cracks could grow continuously is defined as fatigue threshold in this study. However, 
this “start-and-stop” fatigue crack growth phenomenon at the threshold regime was 
rarely found at elevated temperatures.  
 
The fatigue threshold results for all tests on CC specimens are summarised in Table 6.2. 
At both R ratios of 0.1 and 0.5, the highest and lowest average Kth values are found at 
750 °C and 400 °C, respectively. At R=0.1, there are little differences of average Kth 
values among tests at RT, 700 °C and 750 °C (which are 6.6 MPa.m1/2, 6.5MPa.m1/2 and 
6.8 MPa.m1/2, respectively). At R=0.5, the average Kth values at RT, 650 °C and 
700 °C are nearly the same, which are 4.2 MPa.m1/2, 4.4MPa.m1/2 and 4.6MPa.m1/2, 
respectively. At an R ratio of 0.8, there are no remarkable differences of average Kth 
value at all temperatures. The average Kth values at RT, 400 °C and 650°C are all 
3.3MPa.m1/2. The average Kth value (2.9 MPa.m1/2) at 700 °C is slightly lower than the 
average Kth values of the other three temperatures. At an R ratio of 0.8 at 750 °C, there 
are no valid results of Kth value as well as fatigue crack growth resistance curves 
(FCGRCs) because of the change of failure mechanism. More details will be shown in 
section 6.8.  
 
In order to show the trends of Kth values at different temperatures directly, the Kth 
values are plotted against test temperatures for each R ratio as shown in Figure 6.7. A 
dotted line is drawn in every graph to show the average Kth value at each R ratio. As 
seen in the graphs, the Kth values at all temperatures have similar variation around the 
average Kth value of each R ratio.  
 
A statistical analysis is given in Table 6.3 to show the effect of temperature on Kth 
values numerically. For a given R ratio, the differences between the average Kth 
values at each temperature and their average Kth value are all less than 1MPa.m1/2, 
which are practically not significant compared to the total K scale. Test conditions 
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showing larger standard deviation also have larger number of tests. For most of test 
conditions, the number of tests is no more than 3, which are not applicable to judge 
the divergence. No direct evidence that the scatter of Kth value is caused by testing 
temperature. 
 
From above observations, it can be implied that test temperature does not have a 
remarkable influence on the Kth values of this near fully-lamellar TiAl alloy at all R 
ratios. The variations of Kth values are associated with the number of tests, and are not 
caused by test temperatures. 
 
6.3.2 Effect of R ratio on Kth values 
Figure 6.8 directly shows the trend of Kth values with R ratios for a fixed test 
temperature. As seen, for a fixed temperature, the average Kth values decrease with 
increasing R ratio, and almost follow a linear declining relationship as indicated by the 
black line in each graph. However, the Kmax values at fatigue threshold increase as R 
ratio increases. It is worth noting that the Kmax values at fatigue threshold are relatively 
high which are comparable to the KC values (see in Table 6.1). Although the 
relationship between ∆Kth values and R follows the trend seen in traditional titanium 
alloys (e.g. Ti-6Al-4V), a smaller influence of R is noticed.  
 
At RT, 400 °C and 650 °C, the Kth values at an R ratio of 0.1 are more scattered than 
those at R=0.5 and R=0.8. However, there are also more data points at R=0.1 than at the 
other two R ratios. In addition, this dispersion at R=0.1 becomes less at 700 °C and 
750 °C as the number of data points reduces to only 3. Therefore, there is no direct 






6.4 Fatigue crack growth resistance curves of Ti-4522XD alloy 
6.4.1 General features of fatigue crack growth resistance curves 
All FCGRCs (da/dN vs. K) of every single test condition are shown in Figure 6.9 to 
Figure 6.22. All Paris exponent (m) and coefficient (C) values of CC specimens were 
calculated according to equation 3.4 and are summarised in Table 6.4. Black dotted 
lines are drawn in Figure 6.9 to Figure 6.18 to show the average Paris law regime for 
each test condition. Although FCGRCs are slightly scattered at some test conditions of 
R=0.1 and 0.5, especially in the fatigue threshold regime and unstable crack growth 
regime which are microstructure-dependent regimes, the general trend of FCGRCs for 
a fixed test condition is consistent, and the dispersion is not significant compared to the 
total K range. At R=0.8, the FCGRCs are also consistent for a fixed temperature, 
except at 650 °C. Therefore, except for the tests at R=0.8 at 650 °C, the results can be 
regarded as reproducible. For this reason, the following results to show the effects of 
temperature and R ratio on fatigue crack growth are shown by the most representative 
curves selected from each test condition in order to present the comparisons clearly. 
The basic principle of data selection is which curve covers the largest range of K 
values and its m and C values are close to the average values of that test condition.  
 
6.4.2 Effect of test temperature on fatigue crack growth 
Figure 6.23, Figure 6.24 and Figure 6.25 show comparisons of FCGRCs at different test 
temperatures for R ratios of 0.1, 0.5 and 0.8, respectively.  
 
In Figure 6.23, at R=0.1 the steepest FCGRC is found at RT which can also be deduced 
from the highest average m values (7.2). There are no distinct fatigue regimes 
identifiable from the FCGRCs at RT. Although the test conducted at 400 oC shows the 
most moderate slope, the average m value (3.6) is similar to that of tests at 650 oC (3.7). 
The fatigue resistance curves at 650 oC, 700 oC and 750oC nearly overlap with each 
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other. In the Paris Law regime, for a given K value the crack growth rates are higher at 
650 – 750 oC than at RT and 400 oC.  
 
At R=0.5, the FCGRCs show similar trends to those observed at an R ratio of 0.1. At RT, 
the FCGRC become even steeper as revealed by m values (8.6), and intersected with 
those curves obtained at higher temperatures in the Paris Law regime. The FCGRCs of 
tests at and above 650 oC are also nearly consistent in the Paris Law regime. The 
average m value is slightly higher at 750 oC (5.8) compared with those at 400-700 oC 
which are 3.0, 3.8 and 4.8, respectively. 
 
At R=0.8, generally for a given K value the highest and lowest fatigue crack growth 
rate are found at RT and 650 oC, respectively. Both tests at 650 and 700 oC show a 
dramatic drop of crack growth rate after the cracks start to grow. Because there are no 
distinct fatigue regimes in FCGRCs at these two temperatures, no Paris constants are 
quoted here. 
 
As mentioned above, at 650 °C there are two distinct fatigue crack growth behaviours 
as shown in Figure 6.21. The FCGRC of CC817 shows similar behaviour as the curves 
of tests at 700 °C (see in Figure 6.22), while CC818 shows a decreasing trend of fatigue 
growth rate and lower fatigue crack growth rate compared to CC817. For CC817, there 
was some crack propagation at an applied load (8.8 kN) which was lower than the final 
applied load at fatigue threshold (9.4 kN), but the crack growth rate was less than 
107mm/cycle. Nevertheless, no obvious crack propagation was observed in CC818 
before the load at threshold. It seems that lower applied load at threshold can give more 
chance for crack blunt at 650 °C and thereby results in slow fatigue crack growth rates. 
 
6.4.3 Effect of R ratio on fatigue crack growth 
The comparisons of FCGRCs for different R ratios at RT, 400 oC, 650 oC, 700 oC and 
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750 oC are shown in Figure 6.26, Figure 6.27, Figure 6.28, Figure 6.29 and Figure 6.30, 
respectively.  
 
As seen in Figure 6.26, at RT, it is clear that fatigue crack growth rate is highest at an R 
ratio of 0.8 and lowest at R ratio of 0.1 for a given K value. The fatigue crack growth 
rate at R=0.5 is also about 2 order of magnitudes higher than at R=0.1 for the same K 
value. The fatigue growth crack resistance curves are steep at all test temperatures.  
As seen in Figure 6.27, at 400 oC, for a given K value the highest crack growth rate is 
also found at R=0.8, whereas the crack growth rates of R=0.1 and 0.5 show little 
difference in the Paris Law regime. The tests at R=0.5 have slightly higher crack growth 
rates than at R=0.1 at both ends of the FCGRCs.  
 
At 650 oC and 700 oC (see in Figure 6.28 and Figure 6.29), for the same K value the 
fatigue crack growth rates of tests at R=0.5 becomes the highest, while the tests carried 
out at R=0.8 exhibit the lowest fatigue crack growth rates. At and above 650oC, the 
difference in fatigue crack growth rates between R=0.1 and R=0.5 are all less than one 
order of magnitude for a given K value.  
 
6.5 Fractography  
6.5.1 Effect of test temperature on fracture surfaces 
Most specimens failed in a brittle manner, where translamellar and interlamellar crack 
growth were observed. Typical examples of interlamellar and translamellar fractures 
caused by fatigue loading are shown in Figure 6.31. The fracture surfaces generated at 
R=0.1, 0.5 and 0.8 at different test temperatures are presented in Figure 6.32 to Figure 
6.34, respectively. Beside the fracture surfaces of specimens tested at 750 °C , the 
fracture surfaces are similar for the same R ratio at all test temperatures in these low 
magnification SEM images. The fracture surfaces generated at 750 °C  seems slightly 
rougher than the fracture surfaces of the other test temperatures. 
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Comparisons of fracture surfaces near fatigue threshold regimes at different 
temperatures for R ratio of 0.1 and 0.5 are shown in Figure 6.35 and Figure 6.36 
respectively. As seen in both images, at both R ratios the fracture surfaces of specimens 
tested at RT contains several interlamellar fractures, while just few interlamellar 
fractures can be observed on the fracture surfaces generated at elevated temperatures. 
Few interlamellar fractures were also found at R=0.5 and at 700 °C , their sizes are only 
about 60 m. The fracture surfaces of specimens tested at R=0.5 and at 750 °C  seems 
rougher than other fracture surfaces. But there is still no interlamellar fracture can be 
found either. At R=0.8 at all temperatures, the fracture surfaces are all rough without 
obvious differences between them (as shown in Figure 6.34).  
 
To investigate the effect of test temperature on translamellar and interlamellar fractures, 
high magnification images of these two fracture modes were taken at a constant K 
value at different test temperatures for a fixed R ratio (shown in Figure 6.37, Figure 
6.38 and Figure 6.39). There was no significant difference of these two fracture modes 
at different test temperatures. 
 
For all test conditions in addition to regular features, intergranular and transgranular 
failure of equiaxed γ grains were occasionally observed on the fracture surfaces of 
some testpieces. As shown in Figure 6.40 (a) and (b), the fracture surface is mostly 
intergranular with a small quantity of transgranular fracture. Examples of interganular 
and transgranular failures of equiaxed γ grains are given in Figure 6.40 (c) and (d), 
respectively. The equiaxed γ grains, when they exist in the crack path, fail 
predominantly in an intergranular manner but they do not deviate the crack path by a 
significant amount due to the small grain size. If the test piece has a large quantity of 
such equiaxed colonies the fracture surface usually appears flat at low magnification. 




6.5.2 Effect of test temperature on fatigue crack path 
In order to investigate the crack path at different temperatures, three interrupted tests 
were carried out by stopping the tests before the final fracture. The tests were conducted 
at R=0.1 and three different temperatures (RT, 400 °C  and 650 °C ). The sectioned 
surfaces containing cracks are shown in Figure 6.41. In general, the cracks propagate 
mainly in a translamellar mode.  
At RT, the cracks can be easily deviated along lamellar interfaces or colony boundaries, 
and examples are given in Figure 6.42 (a) and (b). Hence, the crack path is more 
tortuous at RT. Some microcracks are found along the main crack as shown in Figure 
6.42 (c).  
 
At 400 °C , the main crack was relatively straight, and one tortuous crack deflected from 
the main crack of which the morphology is similar to that at RT. No microcracks can be 
found along the main crack.  
 
At 650 °C , the main crack was more straight and less deflected and bifurcated 
compared to the crack generated at RT and 400 °C . The crack branching is different 
from that found at RT. It is nearly all caused by colony boundary deviation, even some 
colony boundaries are at high angles (about 90 ° to the loading axis) as shown in Figure 
6.43. There are also no microcracks observed along the main crack at this temperature.  
 
6.5.3 Effect of R ratio on fracture surface 
The fracture surfaces of specimens tested at different R ratios are compared in Figure 
6.44 for temperatures of RT, 400 °C , 650 °C  and 700 °C . For the same temperature, the 
fracture surface observation of specimens tested at R=0.1 and 0.5 shows very little 
difference in terms of appearance at lower magnification. At all temperatures, the 
fracture surface of specimens tested at R=0.8 is rough, and similar to the fracture 
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surface caused by monotonic load at same temperature (see in Figure 6.6. The fracture 
surfaces of specimens tested under monotonic loads at different temperatures 
 
6.5.4 Fracture surface roughness measurement  
Quantitative analysis of crack path roughness were carried out to distinguish any 
differences between fracture surfaces obtained at R=0.1 and 0.5 which cannot be seen 
in SEM images. Table 6.5 shows the fracture surface roughness results of specimens 
tested at R= 0.1, 0.5 and at RT, 400 and 650 °C . There was a clear trend that fracture 
surface roughness decreases with increasing test temperatures at a given R ratio. In 
addition, it was also found that the fracture surface roughness values for the same 
temperature were higher at a higher R ratio.  
 
6.6 Potential effects of other factors on fatigue crack growth  
6.6.1 Effects of notch depth on fatigue crack growth 
Tests were conducted on specimens with different notch depth to see whether notch 
depth has an effect on the fatigue crack threshold and growth of Ti-4522XD alloy. The 
notch depth varied from 0.1 mm to 0.7 mm and the actual average crack lengths 
calculated using the 5-point secant method are given in Table 6.6. The tests were 
carried out with an R ratio of 0.1 and at RT and 650 °C  for all crack lengths, and Kth 
values are also summarised in Table 6.6. As seen, there is no significant difference of 
Kth values among specimens with different notch depth for both test conditions. All 
the Kth values are within the data range of that test condition. The comparisons of 
FCGRCs for specimens with different notch depths at RT and 650 °C  are shown in 
Figure 6.45 and Figure 6.46, respectively. No FCGRCs were generated in specimens 
with notch depth of 0.1 because they were used for other experimental purposes. Their 
Kth values are represented by a single point in the two graphs. As seen, under each test 
condition, all FCGRCs are consistent with each other. Therefore, the notch depth does 
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not have an obvious effect on both Kth values and FCGRCs of Ti-4522XD alloy.  
 
It is worth mentioning that specimens with shorter notch depths of 0.1mm, 0.2 mm and 
0.3 mm, all failed from the notches, even though the peak loads were much higher at the 
fatigue thresholds than specimens with longer notches of 0.5 mm and 0.7 mm.  
 
6.6.2 Crack growth from a notch or from a pre-crack 
The fatigue crack growth resistance curves for comparison among tests started from a 
notch and pre-crack are shown in Figure 6.47. The comparison was only carried out at 
an R ratio of 0.1 at 650 °C . Although the highest Kth value was found in the 
pre-cracked specimen 1D2 (6.7 MPa.m1/2), it was just slightly higher than the Kth 
value of CC806 (6.5 MPa.m1/2) which started from a notch. Specimen 1D2 and 2D1 
were pre-cracked at an R ratio of 0.1 and at RT and 400 °C  respectively. The difference 
of Kth was only 0.7 MPa.m1/2. These results suggest that there may be very little or no 
influence of pre-cracking and pre-cracking conditions on the Kth value of a lamellar 
-TiAl alloy tested with increase-loading procedure.  
 
6.6.3 Effects of surface condition on fatigue crack growth  
Specimens were machined initially from the raw material blanks by EDM cutting to 
near net shape, and ground to provide a uniform and smooth surface. There were 10 
specimens from IMR batch 5 failed unexpectedly away from the notches. The 
specimens were examined using an optical microscope and no surface cracks could be 
found. Then the specimens were electrochemically polished (ECM) to remove a thin 
layer (~200–300m) of material in order to release surface residual stresses caused by 
machining. After ECM, a large number of cracks were observed uniformly distributed 
on the polished surfaces, 4 examples are given in Figure 6.48. As seen, some of the 
cracks are even through the whole width of the parallel faces, which are nearly about 8 
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times longer than the notch depth. One specimen (CC706) was firstly heated at 650 °C  
and then tested at RT. It failed at the first applied load of only 2.8 kN. The other 
specimen (CC717) was test at 650 °C , and failed at 4.8 kN suddenly without any sign of 
increasing PD, i.e. the crack did not start from the notch. Due to oxidation induced 
colours at 650 °C , some surface cracks were turned up on the fracture surfaces of both 
specimens. As shown in Figure 6.49, the cracks are very deep and large, which are 
comparable or even larger than the notch.  
 
6.6.4 Effects of equiaxed  grain clusters on fatigue crack growth  
As mentioned above, cluster of equiaxed  grains were found in specimens. To evaluate 
the effects of equiaxed  grain clusters, the FCGRC of one specimen (CC009 from 
TIMET batch 1), on which fracture surface large areas of equiaxed  grains were 
observed (see in Figure 6.50), was compared to that of a normal specimen (CC611 
from GfE batch 1) as shown in Figure 6.51. In general, these two FCGRCs are similar 
to each other. Even CC009 shows a slightly higher FCGR than it of CC611 when the 
K value was greater than about 7.6 MPa.m1/2, the difference was not significant. In 
addition, those specimens which have high m values were not found containing large 
clusters of equiaxed  grains.  
 
6.7 High cycle fatigue (HCF) tests 
In order to characterise naturally-initiated fatigue cracks in this near-fully lamellar alloy, 
tests were performed on specimens with a cylindrical gauge section and one CC 
specimen at R=0.1. The test conditions and results are summarised in Table 6.7. It can 
be seen that the highest failure load is at RT and lowest at 650 °C . There is a significant 
difference in failure stresses (50 MPa) between specimens tested at RT. At 650 °C , the 




6.7.1 HCF at RT 
The fracture surfaces of specimens (HF901 and HF902) tested at RT with R=0.1 are 
shown in Figure 6.52. At RT, once the specimen failed, the whole fractures are 
exposed to air, thus heat-tint is not applicable, and no colour difference can be used to 
identify the crack initiation. Indeed, it is also difficult to distinguish any fatigue crack 
initiation sites from low-magnification SEM images. In general, the fracture surfaces of 
specimens tested at RT are similar to a monotonic fracture. On the fracture surface of 
HF901, some radial patterns can be observed starting from some small areas. By 
examining high-magnification SEM images, two possible fatigue crack initiation sites 
were found as shown in Figure 6.53. One site contains some conjoined similar-oriented 
interlamellar fractures at the surface of the specimen. The other site has three large 
interlamellar fractures within a small area. The site A in Figure 6.53 is more likely to be 
the crack initiation site because its overall size is about 3-4 times larger than any 
interlameller fractures in the site B. If site A is regarded as a semicircular surface crack, 
the Kth value can be estimated using the following stress intensity factor range for a 
semicircular surface crack in a circular cross section: 
∆K = 0.5σ√𝜋𝑎                                               … 6.1 
The area (A1) of site A measured by AxioVision software is about 4.1×104 m2. Hence 
the area of semicircular crack (A2) 
𝐴2 = 2𝐴1 = 𝜋(
𝑎
2
)2                                 …6.2 







8 × 5.6 × 104
𝜋
= 323 𝜇𝑚 = 3.23 × 10−4 𝑚             … 6.3  
where a is the diameter of that semicircular fracture, i.e. crack length. The testpiece 
failed under a maximum stress of 425 MPa (see in Table 6.7) which gives stress range 
of 382.5 MPa. Hence: 
𝐾𝑚𝑎𝑥,𝐻𝐹901 = 0.5σ√𝜋𝑎   = 0.5 × 425 × √𝜋 × 3.23 × 10−4 = 6.8 𝑀𝑃𝑎. √𝑚      …6.4 




Therefore, the crack can be deduced to have grown at a K value of 6.1 MPa.m1/2, 
which is consistent with threshold values of CC specimens tested at RT with an R ratio 
of 0.1 (see in Table 6.2(a), R=0.1 and RT). 
 
In HF902, there are no conjoined interlamellar fractures with areas of large 
interlamellar fracture facets. The maximum stress at failure was 475 MPa. As shown in 
Figure 6.52 (b), the failure of HF902 is probably caused by several small fatigue crack 
initiation sites and those small cracks linked up leading to the final failure. It is likely to 
be the reason why the maximum stress to caused failure of HF902 was 50MPa higher 
than that of HF901.  
 
In addition, no more than 4 conjoined linked interlamellar fractures can be found on the 
fracture surfaces of both specimens.  
 
6.7.2 HCF at 650 °C  
The optical images of facture surfaces obtained at 650 °C  are shown in Figure 6.54. 
Unlike the RT tests, at 650 °C  the fatigue initiation sites are relatively easy to be 
determined either by in-situ heat tinting colours or SEM images. The initiation sites are 
pointed out by arrows in the images. 
 
The whole fracture surface of HF904 is presented in Figure 6.55 (a). The SEM image 
shows consistent observation with optical image about the location and size of the 
fatigue initiation site as shown in Figure 6.55 (b). The ‘river pattern’ was found to 
radiate from the initiation site. Figure 6.55 (c) shows more details about this fatigue 
crack initiation site in which some particles were found in the middle. The largest 
particle was about 20 m×40 m in dimension. The EDS result showed the major 
composition of these particles was Yttrium as shown in Figure 6.56. As indicated by 
the EDS results, the Yttrium is mainly concentrated in the particles rather than the 
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matrix, and the morphology of these particles is different from any microstructures in 
the Ti4522XD alloy, thus the particles are likely to be inclusions caused by mixing of 
unexpected element during material manufacture. If regarding these inclusions 
together as a single crack initiation site, its approximate area (A) can be outlined as 
shown in Figure 6.27(c) which is about 3×104 m2. By assuming this crack as an 
embedded circular crack, the crack length  a (=2a) can be calculated as [17]: 






= 97.7 𝜇𝑚 = 9.8 × 10−5 𝑚𝑚       … 6.6 
For a single crack in an infinite plate subjected to a tension load which is 415 MPa (see 
in Table 6.7) in specimen HF904, the maximum stress intensity factor at fatigue 
threshold can be approximately estimated by the following equation: 
K𝑚𝑎𝑥,𝐻𝐹904 = σ√𝜋𝑎 = 415 × √𝜋 × 9.8 × 10−5 = 7.3 𝑀𝑃𝑎. √𝑚  …6.7 
and the Kth value of HF904 is: 
∆𝐾𝑡ℎ,𝐻𝐹905 = 𝐾𝑚𝑎𝑥 − 𝐾𝑚𝑖𝑛 = 𝐾𝑚𝑎𝑥 − 0.1𝐾𝑚𝑎𝑥 = 0.9 × 7.3 = 6.6 𝑀𝑃𝑎. √𝑚  … 6.8 
 
The fatigue crack initiation site in HF905 is shown in Figure 6.57 (a). Similar to HF904, 
this fatigue crack origin was surrounded by a radial ‘river pattern’. In Figure 6.57 (b) at 
high magnification, three large conjoined interlamellar fractures were found in the 
middle of the fatigue crack initiation site. Two of these interlamellar fractures were 
larger than 100 m in diameter. The area (A) was also measured by AxioVision 
software which is about 2.7×104 m2 in two-dimensions. If regarding this site as an 
embedded circular crack as well, the crack length a (=2a) can be calculated as: 






= 92.7 𝜇𝑚 = 9.3 × 10−5 𝑚𝑚    …6.9 
The maximum failure stress of HF905 was 415 MPa. Similar estimation of the 
maximum stress intensity factor at fatigue threshold can be approximately estimated 
using the same equation for HF904, hence: 
K𝑚𝑎𝑥,𝐻𝐹905 = σ√𝜋𝑎 = 415 × √𝜋 × 9.3 × 10−5 = 7.1 𝑀𝑃𝑎. √𝑚  …6.10 
and the Kth value of HF905 is: 
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∆𝐾𝑡ℎ,𝐻𝐹905 = 𝐾𝑚𝑎𝑥 − 𝐾𝑚𝑖𝑛 = 𝐾𝑚𝑎𝑥 − 0.1𝐾𝑚𝑎𝑥 = 0.9 × 7.1 = 6.4 𝑀𝑃𝑎. √𝑚  … 6.11 
 
The difference of Kth values between specimen HF904 and HF905 is only 
0.2MPa.m1/2, and Kth values of both specimens are also consistent with the average 
Kth value of CC specimens tested under the same condition (see in Table 6.2 (a), 
R=0.1 and 650 °C ).  
 
The fatigue crack initiation site of 5C2 is shown in Figure 6.58 (a). Similar to the 
observations on the fracture surfaces of HF904 and HF905, there is also a radial ‘river 
pattern’ starting from the initiation site. As seen in Figure 6.58 (b), 3 separate 
interlamellar fractures were also found in the crack initiation sites which are all larger 
than 100 m in diameter. However, there is no clear knowledge of how the three 
separated interlamellar fractures could interact with each other in this alloy, and the 
calculation of Kth value is difficult to be carried out.  
 
6.8 Creep crack growth  
6.8.1 Specimens failing in creep manner 
One specimen (CC009-T) from TIMET 3rd batch was planned for a test with an R ratio 
of 0.8 at 750 °C . This specimen was pre-cracked with an R=0.1 at T=400 °C . Unlike 
other tests at 0.8, the crack showed signs of growth at the first applied peak load 
(Pmax=5kN and K≈1.33 MPa.m1/2) which was much lower than the average Kth value 
for the fatigue threshold at R=0.8. It was observed that the crack growth rate was very 
slow (between 10-8 and 10-7 mm/cycle) after crack initiation. This test lasted more than 
one month and the growth in PD was more than 1400 V until unstable crack 
propagation occurred. After cooling down the furnace to RT, the specimen was taken 
out from the machine without breaking open, and then observed using an optical 
microscope. The notched crack was widely opened and severe deformation around the 
crack could be seen even with the naked eye as shown in Figure 6.59.  
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The other specimen from the same batch, CC008-T, was tested with a stress ratio of 0.8 
at 700 °C . The same procedure and conditions were applied for pre-cracking as 
CC009-T. Similar to CC009-T, the sign of crack initiation revealed by PD was also 
noticed at the very first load cycle (5.2 kN) which was also far below the load for the 
average threshold level of this test condition. The crack growth rate was also very slow. 
The crack was allowed to grow by about 27 V (~ 0.09 mm in terms of crack length) 
under these conditions, which took nearly 4 days and the corresponding FCGR was 
about 2.8×10-8 mm/cycle. Then the load was increased by 0.2 kN every step to let the 
crack propagate faster until the crack growth rate was above 10-7 mm/cycle. Although 
slow crack growth was also found in specimens CC006-T and CC007-T (see in Figure 
6.22) under the same tests conditions, the lowest FCGRs of these two tests were still 
above 10-7 mm/cycle. The maximum loads (Pmax) of CC006-T and CC007-T at fatigue 
threshold were 7.8 kN and 7.5 kN, respectively. These two values are similar to the Pmax 
value (7.7 kN) that allow CC008-T to propagate with FCGRs of more than 
10-7mm/cycle. Comparing the crack growth behaviour in CC008-T with CC006-T and 
CC007-T, there are probably different crack growth mechanisms at low and high 
fatigue loadings at R=0.8 and at 700 °C . The two different mechanisms will be 
discussed in Chapter 7.  
 
6.8.2 Fractography of specimen failed in creep manner 
The SEM image showing the widely opened crack in specimen CC009-T is presented 
in Figure 6.60. There is a clear boundary between the severely deformed zone and less 
damaged area. Ahead of the crack tip, there are several cracks attached to the notch 
which are about 45 ° to the loading direction (as shown in Figure 6.61 (a)) and a large 
number of small cracks in the severly deformed area (as shown in Figure 6.61 (b)) are 
found. Details of the fracture surface and side surface are given in Figure 6.62. Unlike 
fatigue and static fracture surfaces, there were no clear features of translamellar, 
interlamellar and intralemellar fractures, and even no distinct colony boundaries or 
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grain boundaries and lamellar characteristics can be identified (see Figure 6.62 (a)). In 
Figure 6.62 (b), some relatively flat areas were found near the notch. By tilting the 
specimen, these step-like flat cleavage features are similar to the morphology of 
interlamellar fracture caused by fatigue or static fracture as shown in Figure 6.62 (c). 
However, the edges of these cleavage features were more torturous, and the surface of a 
single lamella was also not as flat as interlamellar fracture. An SEM image of ×8000 
was taken to examine the side surface. As seen in Figure 6.62 (d), the surface was fully 
covered with pine-needle-like oxidation particles and cracks. Additionally, in the 
region close to the boundaries of the severe deformed area, clusters of needle-like 




Table 6.1. Summary of test conditions and results for fracture toughness tests 
sample ID T (℃) Original fatigue pre-crack length (mm) Pmax at failure (kN) KC (MPa.m
1/2) average KC (MPa.m1/2) 
CC003 
RT 
1.75 8.51 19.8 
17.8 
CC006 1.78 7.51 17.7 
CC802 1.86 7.06 17.9 
CC803 2.09 5.55 15.2 
2D2 2.12 6.67 18.3 
CC002 
400 
1.95 7.98 20.4 
20.3 
CC007 2.00 8.28 21.7 
CC811 1.76 8.55 20.1 
CC812 1.48 9.34 19.1 
CC013 1.96 7.97 20.3 
CC005 
650 
1.6 8.34 18.2 
18.2 
CC009 1.79 7.88 18.7 
CC809 2.10 6.54 17.9 
CC810 2.33 6.68 20.2 
5A1 1.70 8.49 19.1 
CC001 
700 
1.83 8.13 19.7 
18.2 CC011 1.62 7.81 17.1 
CC012 1.48 8.71 17.8 




Table 6.2. A summary of fatigue threshold values according to different stress ratios: 
(a) R=0.1, (b) R=0.5 and (c) R=0.8. For each test condition, the highest and lowest 




















CC003* 7.8 8.6 
CC602 7.2 8.0 
CC801 6.4 7.1 
CC802 5.8 6.4 
CC002 7.0 7.7 
5A2 5.5 6.1 
11-6-4 5.2 5.7 






CC604 5.1 5.7 
CC703 4.2 4.7 
CC715 4.1 4.6 
CC803 5.3 5.9 
CC814 5.1 5.7 
CC816 5.7 6.3 
CC011-T 5.5 6.1 






CC615 6.0 6.7 
CC806 6.5 7.2 
CC817 4.4 4.9 
CC818 4.8 5.3 
CC005 6.0 6.7 
1D1 6.5 7.2 
1D2 6.7 7.4 
5A1 5.2 5.8 





7.3 CC011 6.1 6.8 





7.5 CC718 6.5 7.2 
CC001-T 7.2 8.0 






















CC807 3.6 7.2 
CC808 4.1 8.2 






CC610 4.1 8.2 
CC710 3.7 7.4 
CC809 3.8 7.6 
CC810 3.8 7.6 






CC612 4.1 8.2 
CC711 4.0 8.0 
CC811 4.3 8.6 
CC812 4.7 9.4 





9.2 CC002-T 4.5 9.1 





10.2 CC004-T 5.3 10.6 





























16.5 CC612 3.5 17.5 






CC715 3.2 16.0 
CC816 3.2 16.0 
CC011 3.3 16.3 
650 CC817 3.6 3.3 
18.0 
16.5 
CC818 3.0 15.0 
700 CC006-T 2.8 2.9 13.8 14.1  

















Table 6.3. Statistical analysis of effect of test temperature on Kth 



















RT 9 0.82 
0.87 6.1 
6.5 5.2 7.8 
400 9 0.70 5.1 4.1 6.3 
650 12 0.70 5.8 4.4 6.7 
700 3 0.45 6.5 6.1 7 
750 3 0.4 6.8 6.5 7.2 
0.5 
RT 4 0.46 
0.48 4.5 
4.2 3.6 4.7 
400 6 0.22 3.9 3.7 4.3 
650 8 0.40 4.4 4 5.1 
700 3 0.06 4.6 4.5 4.6 
750 3 0.20 5.1 4.9 5.1 
0.8 
RT 3 0.26 
0.25 3.3 
3.3 3 3.5 
400 4 0.10 3.3 3.2 3.3 
650 2 0.42 3.3 3 3.6 




Table 6.4. A summary of Paris Law exponent (m) and Paris coefficient values for all 
test conditions (a) R=0.1, (b) R=0.5 and (c) R=0.8 
(a) R=0.1 

















CC801 6 2.80E-11 
CC802 5.3 1.28E-10 
1A2 7.1 2.00E-12 
11-6-4 7.7 5.00E-13 






CC703 2 3.80E-07 
CC715 2.3 3.20E-07 
CC803 4.5 1.40E-09 
CC814 4.6 2.00E-09 






CC615 3 2.50E-07 
11-9-3 3.3 1.00E-07 
11-6-11 3.1 2.00E-07 
2D2 3.2 1.00E-07 
2D1 3.5 5.00E-08 
CC806 4.8 6.00E-09 
CC818 3 2.00E-07 
CC817 5.7 2.00E-09 






 CC011 5.4 9.65E-10 
CC012 3.9 2.76E-08 
750 
CC001-T 4.9  1.97E-09 
8.05E-10 CC714 7.1 6.0 3.12E-11 






















CC808 5.4 3.50E-08 
CC807 9.2 9.10E-08 
CC808 5.4 3.00E-07 







CC610 2.8 1.20E-08 
CC710 2.7 1.00E-07 
CC810 2.9 4.60E-08 







CC612 2.4 2.00E-07 
CC711 4.2 9.00E-08 
CC809 2.4 1.00E-08 
CC811 4.9 1.00E-08 
CC812 4.9 2.00E-12 






 CC002-T 5.3 5.00E-09 






 CC004-T 5.6 1.00E-09 































1.74E-17 CC612 36.9 3.20E-17 





1.11E-13 CC816 13.5 1.11E-13 
CC715 N/A N/A 
650 
CC818 N/A 
15 N/A 15 
CC817 15 1.00E-06 
700 CC006-T 
N/A 
N/A N/A N/A 
































Table 6.5. Results of fracture surface roughness measurement 
R T (ºC) SRa* (mm) 
0.1 RT 8.2 
0.1 400 6.4 
0.1 650 5.8 
0.5 RT 14.9 
0.5 400 9.6 
0.5 650 6.9 




































Table 6.6. Summary of Kth values of specimens with different crack length tested at 
R ratio of 0.1 and at (a) RT and (b) 650 ºC  
 

















0.7 0.85 CC602 5.5 7.2 8.0 
0.5 0.70 CC002* 5.9 6.9 7.7 
0.5 0.68 CC801 5 6.4 7.1 
0.5 0.53 CC802 5.4 5.8 6.4 
0.5 0.63 CC002** 5.8 7.0 7.7 
0.3 0.38 1A2 7 6.0 6.7 
0.2 0.27 11-6-4 7.2 5.2 5.7 
0.1 0.18 5A2 9.4 5.5 6.1 
*specimens from trial batch 
**specimen from Timet second batch 
 

















0.7 0.81 CC605 4.6 5.4 6.0 
0.7 0.85 1D1 5 6.5 7.2 
0.5 0.58 CC615 5.4 6.0 6.7 
0.5 0.59 CC806 5.8 6.5 7.2 
0.5 0.60 CC817 4 4.4 4.9 
0.5 0.60 CC818 4.4 4.8 5.3 
0.5 0.6 CC005 5.4 6.0 6.7 
0.3 0.38 11-6-11 6.2 5.6 6.3 
0.2 0.27 11-9-3 8.2 5.9 6.5 





Table 6.7. A Summary of testing conditions, applied stresses and duration of each test 
on smooth specimens 








HF901 0.1 RT cylindrical 
300 4.84  107 
350 5.64  107 
400 6.45  107 
425 * 6.85 **  6.6×106 *** 
HF902 0.1 RT cylindrical 
400 6.45  107 
450 7.25  107 
475 * 7.66 ** 3.7×106 *** 
HF904 0.1 650 cylindrical 
355 5.72  1.3×107 
370 5.96  107 
385 6.21  1.3×107 
400 6.45  1.3×107 
415 * 6.69 ** 9.5×106 *** 
HF905 0.1 650 cylindrical 
355 5.72  1.4×107 
370 5.96  107 
385 6.21  1.2×107 
400 6.45  2.2×107 
415 * 6.69 ** 1.7×107 *** 
5C2 0.1 650 square 
385 9.63  1.5×107 
400 * 10 ** 4×105 *** 
* The final stress causing failure of specimens  
** The final Peak load causing failure of specimens 














Figure 6.3. Average distribution of colony size of material in three batches (GfE 





Figure 6.4. Load-stroke curves of Ti4522XD under monotonic loading at different 





















Colony Size (m) 




Figure 6.5. Fracture toughness (KC) values obtained at five different temperatures: RT, 









Figure 6.7. Comparison of fatigue threshold values at different test temperatures for a 










Figure 6.9. Fatigue crack growth resistance curves of Ti-4522XD alloy tested at RT 




Figure 6.10. Fatigue crack growth resistance curves of Ti-4522XD alloy tested at 400 




Figure 6.11. Fatigue crack growth resistance curves of Ti-4522XD alloy tested at 






Figure 6.12. Fatigue crack growth resistance curves of Ti-4522XD alloy tested at 





Figure 6.13. Fatigue crack growth resistance curves of Ti-4522XD alloy tested at 





Figure 6.14. Fatigue crack growth resistance curves of Ti-4522XD alloy tested at RT 




Figure 6.15. Fatigue crack growth resistance curves of Ti-4522XD alloy tested at 





Figure 6.16. Fatigue crack growth resistance curves of Ti-4522XD alloy tested at 





Figure 6.17. Fatigue crack growth resistance curves of Ti-4522XD alloy tested at 





Figure 6.18. Fatigue crack growth resistance curves of Ti-4522XD alloy tested at 





Figure 6.19. Fatigue crack growth resistance curves of Ti-4522XD alloy tested at RT 







Figure 6.20. Fatigue crack growth resistance curves of Ti-4522XD alloy tested at 




Figure 6.21. Fatigue crack growth resistance curves of Ti-4522XD alloy tested at 




Figure 6.22. Fatigue crack growth resistance curves of Ti-4522XD alloy tested at 




Figure 6.23. Fatigue crack growth resistance curves of Ti-4522XD alloy tested at an R 




Figure 6.24. Fatigue crack growth resistance curves of Ti-4522XD alloy tested at an R 






Figure 6.25. Fatigue crack growth resistance curves of Ti-4522XD alloy tested at an R 






Figure 6.26. Fatigue crack growth resistance curves of Ti-4522XD alloy tested at RT 






Figure 6.27. Fatigue crack growth resistance curves of Ti-4522XD alloy tested at 




Figure 6.28. Fatigue crack growth resistance curves of Ti-4522XD alloy tested at 




Figure 6.29. Fatigue crack growth resistance curves of Ti-4522XD alloy tested at 




Figure 6.30. Fatigue crack growth resistance curves of Ti-4522XD alloy tested at 









Figure 6.31. Two main fracture modes caused by fatigue loading in lamellar 





Figure 6.32. The fracture surfaces images of specimens tested at an R ratio of 0.1 at (a) 





Figure 6.33. The fracture surfaces images of specimens tested at an R ratio of 0.5 at (a) 





Figure 6.34. The fracture surfaces images of specimens tested at an R ratio of 0.8 at (a) 
RT, (b) 400 oC, (c) 650 oC and (d) 700 oC. The pre-crack regions and fatigue region 





Figure 6.35. Comparison of fracture surfaces which are taken behind notch front at a 
depth of about 0.1 mm. The specimens were tested with an R ratio of 0.1 and at (a) RT, 





Figure 6.36. Comparison of fracture surfaces which are taken behind notch front at a 
depth of about 0.1 mm. The specimens were tested with an R ratio of 0.1 and at (a) RT, 





Figure 6.37. Fracture surface images taken at various temperatures at R=0.1 for a 





Figure 6.38. Fracture surface images taken at various temperatures at R=0.5 for a 





Figure 6.39. Fracture surface images taken at various temperatures at R=0.8 for a 





Figure 6.40. Failure of equiaxed  grains found on fracture surfaces in the fatigue 
region: (a) cluster of equiaxed  grains; (b) section of specimen tested at R=0.5 and 
650 oC to show the crack path through equiaxed  grains; (c) equiaxed  grains failed 





Figure 6.41. Sections showing fatigue crack propagation paths in specimens tested at 




Figure 6.42. High magnification SEM images showing crack deviation by (a) colony 





Figure 6.43. A high magnification SEM image showing the crack branching observed 






























Figure 6.45. Comparison of fatigue crack growth resistance curves of specimens with 
different notch depths (0.1 mm, 0.2 mm, 0.3 mm, 0.5 mm and 0.7 mm) tested at RT 
and R= 0.1. There is no FCGRC for the specimen with a notch depth of 0.1 mm, thus 






Figure 6.46. Comparison of fatigue crack growth resistance curves of specimens with 
different notch depths (0.1 mm, 0.2 mm, 0.3 mm, 0.5 mm and 0.7 mm) tested at 
650 °C  and R= 0.1. There is no FCGRC for the specimen with a notch depth of 





Figure 6.47. Fatigue crack growth resistance curves showing a comparison of tests 



















Figure 6.50. SEM images showing clusters of equiaxed  grains found in specimen 





Figure 6.51. Fatigue crack growth resistance curves of specimen CC009 and specimen 
CC611 which were both tested at R=0.5 and 650 °C. The specimen CC009 contains 





Figure 6.52. Low-magnification SEM images showing the whole fracture surface of (a) 




Figure 6.53. Possible fatigue crack initiation sites A and B found on the fracture 
surface of specimen HF901 indicated by the radial pattern as shown by the yellow 
arrows. The common feature of these sites is several larger interlamellar fractures 






Figure 6.54. Optical images of HF904, HF905 and 5C2 which were tested at R=0.1 





Figure 6.55. SEM images showing (a) the whole fracture surface of HF904, (b) the 




Figure 6.56. EDS results in atomic% and weight% showing the compositions of the 
largest inclusion (spectrum 1, spectrum 2 and spectrum 3) and matrix (spectrum 4 and 




Figure 6.57. SEM images of the fatigue initiation site found on the fracture surface of 
HF905: (a) low magnification image shows the position and size of the crack 
initiation site and (b) higher magnification image shows 3 conjoined interlamellar 




Figure 6.58. SEM images showing (a) fatigue crack initiation site in specimen 5C2 




Figure 6.59. Specimen CC009 from TIMET 3rd batch failed due to creep, severe 




Figure 6.60. SEM image showing the side surface and crack of CC009 (TIMET 3rd 




Figure 6.61. SEM image showing (a) cracks attached to the notch at an angle around 




Figure 6.62. Fractographic observation of specimen CC009-T showing (a) fracture 
surface with no microstructural features of lamellar -TiAl, (b) flat area near notch, (c) 
feature similar to interlamellar fracture, (d) oxidation particles on the fracture surface, 




7.1 Introduction  
It was shown in early work that TiAl based alloys normally show steep fatigue crack 
growth resistance curves as indicated by high m values (usually ~9-22) at low and 
intermediate temperatures [53, 56, 84], extreme values can be nearly 5 to 10 times 
higher than the average values for metallic systems [56]. A lamellar microstructure and 
colony size refinement can offer significant improvements by producing lower Paris 
exponents and higher Kth values. However, the fatigue crack path depends highly on 
the colony orientation. Translamellar cracks require relatively higher K levels for 
propagation than interlamellar cracks [126]. However, interlamellar fracture is not 
always related to low fatigue crack growth resistance. Only colonies where 
interlamellar fracture can contribute to mode I cracking cause significant reductions in 
fatigue crack growth resistance. Although in lamellar -TiAl alloys the colonies are 
often randomly oriented, 3-4 conjoined colonies in the mode I orientation were still 
found in the alloys studied here. All these characteristics can lead to significant 
anisotropy in the fatigue crack threshold and growth behaviour [56, 126]. Besides, both 
the fatigue crack initiation and growth exhibit complicated trends with other factors, 
such as test temperature, environment and R ratio. Since different fatigue crack growth 
regimes have different dominant mechanisms, how these factors affect fatigue 
properties of a near fully-lamellar -TiAl is discussed here in terms of the three different 
fatigue crack growth regimes.  
 
7.2 Fatigue crack threshold and near threshold behaviour 
A crack-arrest phenomenon was found under some test conditions which is caused by 
microstructural barriers, such as colony boundaries and lamellar interfaces. To achieve 
a continuous change of PD, cracks are required to break out from interlamellar fracture 
to general translamellar crack growth. A higher peak load is required when the 
crack-arrest phenomenon occurs to provide a higher driving force for the ‘breaking out’ 
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of cracks. Therefore, the fatigue threshold is defined as the minimum stress intensity 
factor range that allows continuous fatigue crack growth. Moreover, in order to avoid 
crack wake effects, both a K - increasing loading method together with growth from a 
notch (and/or a very short, less than 100 m fatigue pre-crack) were applied throughout 
the tests in this study.  
 
7.2.1 Effects of microstructure and test temperature on Kth values 
In fatigue regime I, i.e. fatigue threshold regime, crack initiation is mostly controlled by 
localized microstructural units. Microstructural barriers in lamellar -TiAl alloys can 
restrict fatigue crack initiation and propagation, and thereby result in higher Kth values 
compared to other microstructures [7]. In this study, most tests were carried out directly 
from a notch, the Kth values are only affected by intrinsic properties since there were 
no pre-crack induced loading history and ‘extrinsic’ toughening within the pre-crack 
wake. Therefore, the microstructure ahead of the notch plays a decisive role on Kth 
values. In the current study, the microstructure is clearly controlled to give a consistent 
near-fully lamellar microstructure of colony size 80-100 m. This has enabled the 
current study to allow definitive trends of Kth and FCGR to be established as a feature 
of R ratio and test temperatures. 
 
The anisotropic fracture toughness tests at RT in a cast lamellar alloy with colony size 
of 1 mm showed that the KC value for crack propagation along preferred lamellae 
orientation was about 12.5 MPa.m1/2, which is about 8 MPa.m1/2 lower than for crack 
propagation in the tranverse lamellar orientation and resulted in more interlamellar 
cracks [127]. In this study, the length of the crack front is about 1.0-1.4 mm which 
covers approximately 12-18 colonies. In the fatigue threshold regime, the possibility of 
colonies approximately at the mode I orientation among the total number of colonies is 
likely to vary the Kth values. In a specimen, if there are more colonies at an 
orientation that is close to the mode I direction at the notch front, its Kth value could 
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be lower compared those have fewer weak-orientated colonies. Currently, no study has 
been done to evaluate the relationship between the number of colonies at the mode I 
direction and Kth values. It is of interesting to have relevant statistics.  
 
Table 6.1, Table 6.3, Figure 6.7 and Figure 6.8 show the importance of repeat tests to 
establish the range of Kth values at a given test temperature and R ratio. Here, it is 
argued that this variation is not directly associated with test temperature since for a 
given R ratio the average Kth values at each temperature are all close to the average 
Kth value of all the tests. In addition, at R=0.1 and 0.5, three temperatures (RT, 400 
and 650 oC) at which the Kth values are scattered show similar standard deviation 
values, i.e. similar dispersion.  
 
From the discussion above, it can be deduced that for a given R ratio, the variation of 
Kth value in this near fully lamellar -TiAl alloy is more likely to be caused by the 
microstructure along the notch front, and test temperature does not have a remarkable 
influence on the Kth values. 
 
In addition, although most authors [70, 97, 121, 128] found that equaixed  grain or 
duplex microstructure has lower crack growth resistance because of lack ligament 
bridging toughening, no significant influence of equaixed  grain clusters on the 
FCGR was found. If the clusters of equaixed  grain appear around the middle and 
end of the crack, where K values are medium and high, the driving force could be 
high enough to reduce or counteract the enhancement of lamellar ligaments, 
especially at high R ratios. 
 
7.2.2 Effect of temperature on fatigue crack growth in the near-threshold region 
As mentioned above, a crack-arrest phenomenon was sometimes found during the tests. 
This phenomenon is mostly found in tests performed at RT or at R=0.8, and barely 
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observed in tests carried out at elevated temperatures with an R ratio of 0.1 and 0.5.  
Such a difference at R=0.1 and 0.5 can be explained by Figure 6.35 and Figure 6.36. At 
RT, the fatigue fracture surfaces near the notches contain several intelamellar fractures 
at multiple angles and are relatively rougher than the fatigue fracture surfaces of 
specimens tested at elevated temperatures (as shown in Table 6.5). These observations 
have already been reported in a previous study [72]. In lamellar alloys the highly 
tortuous fracture surfaces with more serrated and faceted surface morphologies 
observed at RT have been found to lead to roughness-induced crack closure [56, 85]. 
The roughness-induced crack closure can reduce the stress intensity driving force and 
thereby reduce the effective driving force for FCGR. Relatively smooth fatigue fracture 
surfaces are found in the near fatigue threshold region at elevated temperatures 
presumably with reduced extrinsic toughening and increased FCGR. In addition, small 
amounts of interlamellar fracture which deviate the crack growth direction away from a 
mode I direction could still benefit the fatigue crack growth resistance and result in 
reduction of FCGR as found on the fracture surfaces of specimens tested at RT.  
 
As seen in Figure 6.34 and Figure 6.44, the fracture surfaces of specimens tested at 
R=0.8 are all visibly rough with features similar to those of monotonic load caused 
fractures. These features are uneven translamellar fractures, more large interlamellar 
fractures and jagged colony boundary fractures.  
 
All fracture surfaces of specimens tested either at RT or with an R ratio of 0.8 show 
static fracture related features. In lamellar microstructures, the cracks always prefer to 
initiate at lamellar interfaces which are approximately at mode I direction, and are 
obstructed by surrounding colonies away from the mode I directions. To overcome 
these barriers, higher driving forces are required to grow cracks into general 
intralamellar fractures and thus achieve continuous crack growth. Therefore, this 
‘start-and-stop’ phenomenon was observed during tests below the loading level of the 
threshold for continuous growth.  
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7.2.3 Effect of R ratio on Kth values 
In general, for all test temperatures Kth values decrease with increasing R ratio as 
shown in Figure 6.8 and Table 6.2. However, the average Kmax values at fatigue 
threshold increase as R ratio increases. Many authors have proposed that such 
behaviour is associated with the reduction in extrinsic crack shielding effects at higher 
R ratios [27, 124, 129]. However, as mentioned above, for cracks started directly from 
notches the fatigue threshold behaviour is only dominated by intrinsic properties ahead 
of the notches. At higher R ratios, increasing static driving force, Kmax, at fatigue 
threshold promotes damage ahead of the notch front, such as microcrack growth by 
forcing additional dislocations to accumulate at microstructural barriers. Hence, the 
fracture surfaces around fatigue crack initiation regions get rougher as R ratio 
increases. 
 
At an R ratio of 0.8, the Kmax values (see in Table 6.2 (c)) are only 2.8 MPa.m1/2 lower 
than the KC values (shown in Table 6.3) at the same temperature. The results of fracture 
toughness tests indicate that the fracture behaviour in this near fully-lamellar -TiAl 
alloy does not vary significantly with temperature. Such a high static driving force 
(Kmax) at fatigue threshold can conquer most microstructural barriers, such as colony 
boundaries, interlmellar interfaces. Therefore, for tests performed at R=0.8, the 
microstructural influence can be negligible as the driving forces at fatigue threshold 
are high enough to fracture those microstructural barriers, for instance unbroken 
lamellar ligaments. In addition, it has been observed that no crack closure effect could 
be found at R ratios above 0.5 even in a near-fully lamellar microstructure [92].  
 
7.3 Fatigue crack growth behaviour in near-lamellar TiAls 
In the fatigue regime II, i.e. Paris Law regime, stable crack growth is assumed, and 
Paris Law exponent (m) and coefficient (C) are usually applied to describe the fatigue 
crack growth in this regime. As a consequence of crack growth, the stress intensity 
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becomes higher, the plastic zone also grows larger to cover more slip planes and more 
extrinsic shielding effects are involved in fatigue crack growth. In addition, 
environmental effects are able to have interactions with temperatures on formed crack 
wakes. 
 
7.3.1 Effect of temperature and environment at R=0.1 and 0.5: 
At RT, the fatigue crack growth resistance curves (FCGRCs) at all R ratios show similar 
characteristics to brittle materials (see in Figure 6.9 for R=0.1 and Figure 6.14 for 
R=0.5). The three fatigue crack growth regimes are not distinctive and m values (see 
Table 6.4) are highest among test temperatures. The m values can be interpreted as high 
sensitivity to applied stress intensity factor range. In contrast to the FCGRCs of tests at 
RT, three fatigue crack growth regimes are identifiable at intermediate temperatures 
(400 oC) and high temperatures (650-750 oC) as usually seen in ductile materials, even 
though the K ranges are still small. In addition, as shown in Table 6.4 (a) and (b) the 
average m values of tests at intermediate and elevated temperatures are also apparently 
lower than those at RT for a same R ratio. All the findings on FCGRCs indicate an 
involvement of increased plasticity at elevated temperatures.  
 
Although the Figure 6.23 and Figure 6.24 may give the impression that the slopes of 
FCGRCs at 400 oC are slightly flatter than those at high temperatures, actually, the 
average m values of tests at 400 and 650 oC are similar, and are slightly lower than 
those at 700 oC (see Table 6.4), because a single FCGRC usually cannot fully represents 
every situation for a test condition. Hence, repeated tests are necessary for 
characterising the fatigue behaviour of -TiAl alloys.  
 
Generally, at high temperature the highest average m values are found at 750 oC (6.0 for 
R=0.1 and 5.8 for R=0.5). The increase of m values at higher temperatures is associated 
with increasing environmental influence. Liu et al. reported that the degree of oxidation 
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increases with increasing temperature in TiAl alloys [130]. Early studies [131] show 
that significant penetration of oxygen can result in interstitial embrittlement and 
thereby degrades the mechanical properties of -TiAl alloys. An order of magnitude 
higher FCGR was found in air as compared to the results in vacuum for gamma alloys 
(K-5 and Ti-47Al-1.5Cr-2Nb) [113, 132]. Similar results were also observed from the 
in-house teste carried out by Pardhi as shown in Figure 7.1. However, the mechanisms 
of the environmental effects behind the higher FCGR in air are not clear for this alloy.  
 
Another in-house investigation carried out by Ding shows the existence of oxides on 
the fracture surface of a specimen tested at 700 oC in this study, as shown in Figure 7.2. 
There are two oxidation mechanisms distinguished according to the depth of damage 
ahead of the crack tip, which are short-range diffusion oxidation and long-range 
diffusion oxidation [133]. The short-range diffusion is associated with the oxides at the 
crack tip and may result in grain boundary embrittlement. The long-range diffusion of 
oxygen ahead of the crack tip could cause localise damage [133]. As shown in 
Figure6.32, Figure 6.33 and Figure 6.36, the slightly rougher fracture surfaces found at 
750 oC at both R=0.1 and 0.5 may be caused by the oxidation related embrittlement and 
more severe damage ahead of the crack tip at such a high temperature. 
 
7.3.2 Effect of temperature on extrinsic mechanisms  
The fracture surfaces generated at RT are slightly rougher with more multiple-angled 
interlamellar fractures and the crack path is also more torturous at RT (at R=0.1) than 
for those tests at higher temperatures. As observed in Figure 6.42, the crack path at RT 
can be more easily deviated by either lamellar interfaces or colony boundaries, and the 
numbers of microcracks observed around the main crack. Crack branching, deflection 
and meandering caused by microcracking at weak-oriented colonies are common 
extrinsic shielding effects in intermetallics [4]. These extrinsic shielding mechanisms 
can impede the fatigue crack propagation and subsequently reduce the crack growth 
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rate. At 400 oC, crack branching and deflection can still be discovered, whereas 
microcracks are no longer visible around the main crack. At 650 oC, neither 
microcracks nor obvious crack branching and deflection can be observed along and 
around the main crack. The crack morphologies at different temperatures imply that 
any extrinsic shielding effects are reduced as the temperature increases. Hence, for an R 
ratio of 0.1 and 0.5, the FCGRs are lowest at RT in low and intermediate K range. 
However, as Kmax increases with increasing crack length, the extrinsic shielding 
becomes less comparable to the high static driving force. Due to the lack of ductility at 
RT, the FCGRs surpass the curves at 400 oC and get close to the curves of 
high-temperature tests at high K range.  
 
7.3.3 Effect of temperature at R=0.8 
The FCGRCs at an R ratio of 0.8 show different behaviour compared to the FCGRCs at 
an R ratio of 0.1 and 0.5. For a given K value, the FCGRs become getting lower as test 
temperature increases. All tests at R=0.8 show a ‘valley’ of FCGR in FCGRCs. This 
kind of reduction is more significant at 650 oC and 700 oC. It has been confirmed that 
crack closure effects do not exist at this high R ratio [103]. Based on the observations 
above, there must be retardation mechanisms at high temperatures which are high-Kmax 
level associated and also increase with increasing temperature. 
  
Several features found in the test of specimen CC009-T which was carried out at 750oC 
with an R ratio of 0.8, such as extremely slow deformation rate (as mentioned in 
section 6.8.1), degradation of lamellar microstructure and precipitates on the side 
surface (see in Figure 6.61), indicated that it failed in a creep manner. Moreover, the 
result of specimen CC008-T tested at 700 oC indicates that a certain degree of creep is 
also available at 700 oC with an R ratio of 0.8. McKelvey [101] reported ‘anomalous 
behaviour’ found in a near fully lamellar XD alloy at 800 oC with lower R ratios (0.1, 
0.3 and 0.5). According to the comparison between calculated value and experimental 
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data of transition time, it was revealed that creep was significant at 800oC which 
resulted in crack-tip blunting and the subsequent reduction in the near-tip stress field. 
Zhu et al. [105] also pointed out the Kmax dependent crack growth is creep-fatigue 
related at elevated temperatures. Creep deformation ahead of the crack tip tends to relax 
the stress concentration. The reasons for crack growth in a creep manner even under a 
fatigue loading condition are: (1) at R=0.8 the static driving forces (Kmax) are high, 
about 2.8 MPa.m1/2 lower than the KC values on average, and even the Kmin values are 
all above 11.0 MPa.m1/2; (2) Previous studies found the temperature range above which 
creep deformation becomes significant for two-phase (+2) TiAl alloys was 
650-700oC [134]. At 750 oC the highly increased plastic flow can result in large creep 
deformation as seen in specimen CC009-T.  
  
Generally, the brittle-ductile transition temperature (DBTT) in -TiAl alloys ranges 
between 600 and 800 oC [7, 101, 113]. Although no exact values of DBTT have been 
obtained for this Ti-4522XD alloy, specimens tested at both 650 oC and 750 oC with an 
R ratio of 0.8 all show different levels of crack-tip blunting and FCGR retardation (see 
in Figure 6.21 and Figure 6.22). Based on the observations above, it can be deduced that, 
at R=0.8, near the DBTT the fatigue crack growth behaviour is mainly dominated by 
fatigue mechanisms while creep is also available in certain degrees. At or above the 
DBTT creep becomes the predominant mechanism on fatigue crack growth as a 
consequence of increasing temperature.   
 
7.3.4 Effect of R ratio on stable fatigue crack growth  
The comparisons of FCGRCs at RT-750 oC for different R ratios are shown from 
Figure6.26 to Figure 6.30. At all test temperatures, for the same K value, the FCGRs 
of tests at R=0.5 are nearly always higher than the FCGRs of tests at R=0.1. This 
difference is highlighted particularly at RT and reduced at the higher test temperatures. 
For the tests at R=0.8, the FCGRs are highest among the tests at RT and 400 oC, while 
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lowest at 650 oC and 700 oC. Thus fatigue crack growth appears to be dependent on 
both K and Kmax. However, FCGRCs do not collapse when plotted versus Kmax at the 
same test temperature (see Figure 7.3 - Figure 7.7). Below 650 oC, for an equivalent K 
value, a higher R ratio means a higher Kmax value which leads to higher FCGRs. As 
temperature increases, the mobility of dislocations also increases because the 
thermal-assisted movement of dislocation cross-slip and climb are raised [135]. This 
has been evidenced at R=0.1 and 0.5 by reduction in FCGRs differences at intermediate 
temperature and high temperatures. The different fatigue crack growth behaviours at 
R=0.8 have been explained above as static fracture related mechanisms at low and 
intermediate temperature (RT and 400 oC) and fatigue-creep interaction resulted crack 
blunting and retardation at high temperatures (≥ 650 oC).   
 
 
7.4 Fracture toughness 
In this study, the KC values at different temperatures do not exhibit significant 
differences between each other. This temperature independence of fracture toughness 
was explained by Appel [56]. In lamellar alloys, the major toughening mechanisms, 
such as ligament bridging, crack deflection, surface-roughness induced contact, 
involve a process zone containing several colonies, are microstructure related, can be 
barely affected by temperature. Additionally, the lamellar morphology cannot be 
significantly changed on a mesoscopic scale. In spite of higher interface-related 
plasticity ahead of the crack tip which may be achieved at high temperatures due to an 
increase of thermal activation related dislocation mobility, this toughening is not 
comparable to the inherent high toughening level in lamellar alloys at RT. Thus, the 
fracture toughness is weakly dependent on temperature. No obvious distinctions on the 
fracture surfaces which were generated under monotonic loads at different 
temperatures further prove that fracture toughness is weakly dependent on temperature 




7.5 Small fatigue crack considerations in near fully lamellar -TiAl 
alloys  
Two tests at RT and three tests at 650 oC were carried out with an R ratio of 0.1 in 
smooth specimens to investigate naturally-initiated fatigue cracks in this lamellar TiAl 
alloy. This gives opportunities to see if the procedure of interlamellar fracture growing 
into general translamellar from naturally-initiated cracks is consistent with the previous 
description and assessment of Kth.  
 
7.5.1 Natural-initiated small fatigue cracks  
It has been reported by several authors that fatigue cracks usually initiate from a 
lamellar interface at orientations along the maximum loading axis in lamellar TiAl 
alloys [76, 77]. Apart from such weak-oriented colonies, early crack growth will be 
affected by the crystallographic orientation of the neighbouring colonies. These 
surrounding colonies could either accelerate (poor oriented) or retard crack progress 
(translamellar with interlamellar failure perpendicular to the fracture plane). The 
specimen HF901 failed at a maximum stress of 425 MPa which was 50 MPa lower than 
specimen HF902 tested under a same condition (R=0.1 and RT). In specimen HF901, 
3-4 conjoined colonies at favourable angles were observed on the edge of the fracture 
surface as shown in Figure 6.53. The approximate Kth value of specimen HF901 was 
6.1MPa.m1/2 which is similar to the average Kth value (6.5 MPa.m1/2) of CC 
specimens under the same test conditions.  
 
In HF902, the crack probably initiated at multiple single large weak-oriented colonies 
and failed by translamellar cracks joining up with main cracks. Although no conjoined 
weak-oriented colonies were observed in specimen 5C2 (R=0.1 and 650 oC), three 
interlamellar cracks were found at the crack initiation site. Jha [76] found that the crack 
was likely to nucleate in the /2 interface, which is consistent with an earlier study 
carried out by Huang [136]. The possible reasons were proposed as the -2 interface 
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has a higher chemical energy for changes and more of an obstacle to slip than - 
interface. Thus dislocations are more difficult to cross the -2 interface leading to 
pile-up at lamellar interfaces. 
 
Similar embedded fatigue crack initiation site as seen in specimen HF901 was also 
found in specimen HF905 tested at 650 oC. The calculated Kth value for this specimen 
is 6.4 MPa.m1/2 which is again closely similar (0.6 MPa.m1/2 higher) to the average Kth 
value of CC specimens (see in Table 6.2 (a)).  
 
Beside of several conjoined and close-located large weak-oriented colonies, clusters of 
inclusions is the other possible cause for the naturally-initiated fatigue cracks as found 
in the specimen HF904 tested at 650 oC (see in Figure 6.55). The estimation of Kth 
value was also made by considering the inclusions acting cooperatively as a single 
crack initiation site, which gives a Kth value of 6.6 MPa.m1/2. This value is once more 
similar to the result of specimen HF905 and also falls into the Kth range of CC 
specimens (see in Table 6.2 (a)) 
 
The Kth values of tests in smooth specimens as shown above indicate that the crack 
growth of naturally-initiated small fatigue cracks probably follow similar fatigue crack 
growth behaviour to that seen in CC specimens. The Kth value is the minimum stress 
intensity factor range that allows interlamellar fractures or cooperative inclusion cluster 
to grow into general translamellar fractures.  
 
In addition, several gathered large inclusions as found in specimen 5C2 (show in 
Figure6.57 (b)) could significant raise localised stress concentrations and so cause 




7.5.2 Small fatigue cracks behaviour 
Many authors have addressed the small fatigue crack issues in -TiAl alloys [39, 40, 53, 
97, 105]. All these investigations show that small fatigue cracks behave different from 
long fatigue cracks in lamellar -TiAl alloys, such as lower fatigue threshold values and 
higher FCGRs, which are explained as lack of crack wake associated extrinsic 
toughening effects.  
 
In this study, there was no obvious influence of notch size on both Kth values and 
FCGRs at RT and 650 oC as shown in Figure 6.45 and Figure 6.46. These indistinctive 
results are all due to intrinsic properties dependence as mentioned above. Therefore, if 
the microstructures are similar around the notches in these specimens, there should be 
no significant differences of fatigue properties, and this is confirmed in present study. 
Although, at fatigue threshold, higher loads are required to grow a crack for 
specimens with short notches (0.1-0.2 mm in depth) (as shown in Table 6.6), the cracks 
all start growing from the notches. In addition, FCGRCs of these specimens all show 
similar behaviour as specimens with long notches exhibit no rapid rupture. It worth 
noting that short notch fronts can cover fewer colonies that long notches, thus the Kth 
value of specimens with short notches should be more sensitive to the colony 
orientation ahead of the notch. It can be deduced that in the absence of colonies at mode 
I orientation in front of the notch, the notch depth does not have obvious effect on Kth 
values and FCGRs in near-fully lamellar TiAl alloys.  
 
The naturally-initiated small cracks are more representative for the actual small cracks 
in components. As mentioned above, these results are consistent with the range of Kth 
values measured from CC specimens tested at same conditions.  
 
Actually, when referring to small cracks, there are several standards to define small 
cracks as mentioned in section 3.6. However, these definitions all focus on the length or 
size of cracks, none of them stress the difference of morphology between the ‘small’ 
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and ‘long’ crack. As for CC specimens, even the notches can be regarded as cracks in a 
component, the actual length of crack wake which can remain closed after removing the 
fatigue load barely exists. The differences of fatigue crack threshold and growth 
between ‘small’ and ‘long’ cracks in a lamellar TiAl alloy are mainly caused by 
extrinsic toughening mechanisms in the crack wake, such as roughness-induced crack 
closure, unbroken ligaments induced bridging effect, crack deflection and branching 
[53, 97, 105]. However, the total crack size is not equivalent to the crack wake size as 
defined in Figure 7.8. The difference between total crack length and crack wake length 
is whether the crack surfaces can have interactions during a fatigue loading. In fact, the 
‘small crack’ effects addressed in previous studies are referred to the length/size of 
crack wake rather than total crack length. Therefore, for a fatigue crack starts directly 
from a notch in any geometry (such as CC and SENB), even the notches are long 
enough to be called ‘long crack’, the fatigue properties should be regarded as for ‘small 
crack’ instead of ‘long crack’.  
 
7.5.3 Practical concerns of small cracks in near fully-lamellar -TiAl alloys 
For -TiAl alloys which exhibit relative steep FCGRCs as a function of K compared to 
conventional ductile materials, the fatigue threshold has been widely acknowledged as 
the most important aspect for engineering designs [73, 87, 137]. In practice, 
engineering components are always well manufactured to avoid large defects, thus 
failures usually start with small cracks or defects which may be induced by external 
impacts, manufacturing defects or naturally-initiated fatigue cracks. For the reasons 
above, the characterisation for the fatigue threshold of small cracks are necessary for 
deciding the magnitude of tolerable cyclic-stress levels in damage-tolerance approach.  
 
In this study, the largest naturally-initiated fatigue crack is about 4 conjoined colonies 
which are large enough to result in a fatigue failure. Several adjacent colonies at near 
mode I direction within a small area have a chance to cause unexpected fatigue failure 
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in lamellar TiAl alloy. For the fatigue critical applications such as aero engines, 
increased attention should be paid to the control of microstructure in order to avoid such 
kind of weak microstructural units in lamellar TiAl alloys. Furthermore, the estimation 
of Kth values for the engineering design purposes must take this kind of small cracks 
(about 3-4 colonies) as lower limit of crack length instead of those crack size calculated 
using the Kth values of long cracks. 
 
7.6 General discussion  
In this study, a consistent increasing-K procedure was applied to minimise crack wake 
effects. Most of the tests were started directly from notch. Limited number of tests was 
carried out from pre-cracks which were less than 100 m of growth ahead of notch 
before tests, and these pre-cracks have proved to have no obvious influence on the Kth 
values.  
 
This Ti-4522XD alloy exhibits clear and consistent trends of fatigue crack threshold 
and growth behaviour under different fatigue conditions as presented. This is a 
consequence of consistent microstructure and the testing method. Such repeatability of 
results is vital for the prediction of critical crack length and applied stress based on the 
damage-tolerance approach. The relatively fine lamellar structure does have an 
improvement over the fatigue properties compared to coarse-grain lamellar TiAl alloys 
studied previously [123], higher Kth values and lower m values. Although the 
FCGRCs are steep and the extent in K is small which lead to difficulties for the 
implements of this alloy in practice, an accurate prediction of Kth values could still 
enable the working stresses well controlled below the fatigue threshold level, thus 
allows this alloy to be used in adaptive applications.  
 
Creep predominant crack growth and creep-fatigue interaction affected crack growth 
were found at elevated temperature (≥ 650 oC), especially at R ratio of 0.8. More effort 
should be made to improve the creep resistance for -TiAl based alloys as they are 
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considered to be used in applications with service temperatures in the range of 
650-750oC [56] 
 
Interlamellar fractures play an important role on determining fatigue crack initiation. 
Colony orientations along mode I direction can easily generate interlamellar fractures 
at K≤Kth. At both RT and elevated temperature, such interlamellar cracks can act as 
fatigue crack initiation sites and have chance leading to final failure if driving force is 
high enough to enable them propagate into general translamellar fractures, especially 
when 3-4 of these interlamellar cracks are linked (examples: HF901 and HF905). 
However, some questions about can they act jointly if close together (example: 5C2) 
need to be answered by future work. In addition, attentions should be paid on 
controlling cleanliness of TiAl based alloys since cluster of inclusions can result in 
similar effect on fatigue crack initiation as conjoined interlamellar fractures (example: 
HF904).  
 
Above all, the engineering design should take Kth of small fatigue cracks as lower 
limited for calculating the critical crack length in lamellar -TiAl based alloys. In this 









Figure 7.1. Fatigue crack growth resistance curves of specimens tested in vacuum at 
RT, 400 and 650 °C with an R ratio of 0.1, are compared to results obtained in air 




Figure 7.2.TEM foils taken from the fracture surface of specimenS tested at 700 oC 
with an R ratio of 0.8: (a) the fracture surface taken along crack growth direction, (b) 
two sites where the TEM foils were taken, and results of oxidation analysis of site 1 




Figure 7.3. Fatigue crack growth resistance curves plotted as a function of Kmax for 





Figure 7.4. Fatigue crack growth resistance curves plotted as a function of Kmax for 








Figure 7.5. Fatigue crack growth resistance curves plotted as a function of Kmax for 






Figure 7.6. Fatigue crack growth resistance curves plotted as a function of Kmax for 






Figure 7.7. Fatigue crack growth resistance curves plotted as a function of Kmax for 






Figure 7.8. Schematic definitions of different parts in a crack (Note that fatigue 
































The fatigue crack threshold and growth behaviour of a near fully-lamellar -TiAl alloy 
(Ti-4522XD alloy) with an average colony size of 78 m has been investigated in air at 
five temperatures (room temperature, 400, 650, 700 and 750 oC) and at three R ratios 
(0.1, 0.5 and 0.8) in this study. The fatigue crack growth behaviour of both 
corner-cracked specimens and from naturally-initiated cracks in smooth specimens are 
considered.  
1. A consistent material microstructure, use of a standardised K- increasing loading 
method and sufficient numbers of tests make the trends in fatigue threshold and 
crack growth behaviour consistent and repeatable. Thus for the first time the trends 
have been established in a comprehensive study on a ‘single’ microstructure in 
TiAl.  
 
2. For a given R ratio, there is little effect of test temperature on Kth values. Average 
values, obtained across the temperature range of up to 750 oC, are 6.1, 4.5 and 
3.3MPa.m1/2 at R ratios of 0.1, 0.5 and 0.8, respectively.  
 
3. The ‘start-and-stop’ phenomenon observed routinely for near threshold crack 
growth at room temperature is deduced to be because cracks are arrested at colonies 
with orientations away from the mode I crack propagation direction. Such cracks 
are forced to progress across (translamellar) colonies. Continuous crack growth 
requires such translamellar progression.  
 
4. Average Kth values decrease with increasing R ratio up to 750 oC.  Average 
values, are 6.1, 4.5 and 3.3 MPa.m1/2 at R ratios of 0.1, 0.5 and 0.8, respectively. In 
the current study, this is interpreted as demonstrating that fatigue crack growth can 
have a dependency both on the cyclic stress range and on the maximum stress 




5. In terms of the fatigue crack growth resistance curve, the steepest Paris exponent (m) 
values, 7.2 and 8.6 for R=0.1 and 0.5 respectively, are found at room temperature. 
At this test temperature a conventional three-region resistance curve is not easily 
seen and there is a strong dependence of crack growth rates on Kmax values. 
 
6. A three-region resistance curve is seen at elevated test temperatures up to 750oC. 
Over much of the temperature range from 400 to 700 oC, lower Paris exponent (m) 
values are now obtained: typically 3.6, 3.7 and 4.4 for tests at 400, 650 and 700 oC 
at R=0.1, respectively; 3.0, 3.8 and 4.8 for 400, 650 and 700 oC at R=0.5, 
respectively. This observation is considered to be consistent with an increased 
amount of plasticity available to contribute to the fatigue crack growth resistance at 
elevated temperature. At these temperatures a reduced dependence on Kmax values 
is observed. At the higher test temperature of 750 oC, values of the Paris exponent 
(m) increase, 6.0 and 5.8 for R=0.1 and 0.5 respectively. This observation is 
considered to be consistent with an increased contribution of oxidation induced 
damage ahead of the crack tip. 
 
7. In all tests at R=0.8, Kmax approaches the critical value of K for catastrophic failure 
under monotonic loading. This leads to high values of the Paris exponent (m) value 
where they can be measured reliably. For example, m values of 26 and 14 are 
obtained at room temperature and 400 oC respectively. This is deduced to 
emphasise the role of static failure modes even under fatigue loading. At still higher 
temperatures (650 and 700 oC) crack tip blunting occurred and at the highest test 
temperature (750 oC) creep crack growth became the predominant failure 
mechanisms.   
 
8. Consistent with the similar brittle fracture mechanism observed at all test 
temperatures, ‘fracture toughness’ values (17.8 – 20.3 MPa.m1/2) were independent 
of test temperature in this study. Similar fracture mechanisms (interlamellar and 
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translamellar fracture) are thus observed under both catastrophic failure and fatigue 
crack growth conditions. 
 
9. Although there is no marked difference in microstructure on any fracture surfaces, 
evidence of critical sites of interlamellar failure can be seen in the initiation of small 
cracks and they can subsequently propagate to cause failure. However, these 
interlamellar cracks need to grow out across the colonies (translamellar growth) to 
cause failure. The values of K at which such interlamellar cracks grow to failure 
are consistent with Kth values measured for corner-cracked specimens. 
 
10. The largest size of conjointed interlamellar fractures found in this alloy is from 3-4 
colonies. These can be large enough to grow eventually to cause failure. Thus 
defects of the order of 400 m must be assumed to be present in testpieces. 
Cleanliness is also important for the performance of this alloy since clusters of 
inclusions can also initiate fatigue cracks.  
 
11. This near fully-lamellar -TiAl alloy is possible to be used at modest stresses as 
defined by a combination of design stress range and defect size through Kth values. 
For example, a surface breaking defect of size 320 m is likely to propagate only at 
an applied stress range of 260, 230 and 180 MPa for R ratios of 0.1, 0.5 and 0.8 














9. Future works 
Mechanical tests 
 A number of tensile tests is required at different temperatures (RT, 400 oC, 650 oC, 
700 oC and 750 oC, or even higher temperatures). This may help to obtain more 
accurate fracture toughness values at each temperature, and determine the DBTT 
for this Ti5422XD alloy. 
 
 It may be helpful to perform some vacuum tests under test conditions which are 
consistent with this study. By comparing fatigue behaviour in air and vacuum the 
environmental influence could be revealed.  
 
 Fatigue tests on smooth cylindrical specimens at three different temperatures (RT, 
400 oC and 650 oC) with an R ratio of 0.5 could be carried out to find out whether 
naturally-initiated cracks still show the same features as those observed at R=0.1.  
 
 Although the comparison has already been done between load-increasing and 
load-shedding procedures for the single-edge bend specimens by Po-Sri [124], 
some tests using a load-shedding procedure on CC specimens could also be 
necessary to investigate the effect of loading method for this geometry.   
 
Mathematical analysis 
 As large quantity of data have been generated for Kth values under various test 
condtions. Mathematical methods can be introduced to establish mathematical 
relationships between influential factors, such as R ratio and temperature, and 
Kth values. 
 
 Statistics on how colony orientation along the notch tip affects the Kth values, 
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